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ABSTRACT 

Multi-component or multi-cation ceramic oxides are particularly sensitive to processing-
properties variation, in which a single defined chemical stoichiometry can embody dramatic 
variability in measured properties simply through the steps of synthesis and processing to reach 
the desired form. Hence, the tailoring of complex oxides is often convoluted by chemical doping 
and changes in stoichiometry when the influence of processing is not understood.  

Mixed conducting, multi-valent double perovskite Sr2-xVMoO6-δ (SVMO) shows 
extraordinary electrical conductivity relative to comparable double perovskites. The technical 
hurdles of synthesizing and processing bulk powders of SVMO to optimize studies of fundamental 
electrical transport mechanisms otherwise convoluted by porosity in prior literature were 
overcome. The basis of various synthesis conditions via rapid microwave assisted sol-gel synthesis 
were discerned for their contribution to either open porosity of SVMO or enhanced densification. 
Enhanced resistance to particle coarsening under reducing contrast to inert atmosphere and a 
means to generate electrical percolation via solid-solution stability of SVMO were two key 
discoveries among fundamental breakthroughs understanding particle consolidation behaviors. It 
was discovered that SVMO’s elastic modulus was well in excess of other oxide materials, 
approaching 300 GPa and in correspondence with the mixed V/Mo valency system provides an 
explanation for low thermal diffusion during sintering. 

The advanced solid lithium conducting garnet Li6.25La3Zr2Al0.25O12 (LLZO) demonstrates 
high ionic conductivity for all solid-state batteries, however, it must be paired with an active 
cathode and anode to enable high energy storage capacity. The study presented here identifies 
methods to process LLZO materials into dense and porous constituents to satisfy the design 
architecture of a solid-state battery emphasizing the sensitivity of LLZO performance to lithium 
content and the desired cubic phase. The aim was to calibrate synthesis techniques towards 
minimizing sensitivity to thermal processing that contributes towards lithium loss. Studies of 
sintering optimization and excess lithium content in conjunction with novel freeze based tape 
casting methods to generate low tortuosity pores were explored. Development of these novel 
microstructures represents a backbone of processing methodology necessary to incorporate 
multivalent double perovskites in fuel-electrolysis cells and improve solid state lithium battery 
technologies.  
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CHAPTER ONE 

INTRODUCTION TO THE SYNTHESIS AND PROCESSING FUNDAMENTALS OF 

MULTI-FUNCTIONAL OXIDES 

Motivation 

The art of electrochemical current generation perpetually evolves as the scope of materials 

engineering expands its horizons. Novel strategies in facilitating charge carrier generation and 

transport via materials breakthroughs in catalytically active electrode materials and ion conducting 

electrolytes has diversified direct energy conversion technology. Widening the aperture of power 

generation techniques is necessary to address the rise in energy demands as the 21st century 

progresses, ranging from electric grid loading optimization1 to the popularized replacement of 

internal combustion engines with batteries for all electric vehicles2. Although conventional natural 

gas power generation and lithium ion battery technology has progressed considerably through 

incremental improvement, opportunities driven by ceramic materials development are the 

foundation for transformative future improvements to electrical energy storage and fuel 

consumption efficiency. 
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Figure I: Working principle illustrations of a) solid oxide fuel cells electrochemically oxidizing 
fuel, and b) ceramic all solid state batteries discharging lithium metal into a LiCoO2 cathode. Both 
require the initial fabrication of porous ceramics laminated with a dense electrolyte. Note that 
electrodes require percolation of a current collecting phase interfacing with the electrolyte. 
 

Two relevant electrochemical systems implore the elevated need for ceramic electrolytes 

to separate electrode reactions:  solid oxide fuel cells (SOFC) and all-solid-state-batteries (ASSB). 

Solid oxide fuel cells facilitate an electrochemical oxidation of hydrogen and hydrocarbon based 

fuels at the surface of an anode that then supplies electrons to a cathode separated by a solid 

electrolyte, to ionize oxygen such that it can be transported to the anode to oxidize the fuel as a 

complete electrical circuit3-5. The process is optimal at temperatures of 650 oC – 850 oC where 

solid-state oxygen ion transport is maximized and serves as a 60-80% electrically efficient 

alternative technology to gas turbine combustion systems near 20-30% electrical efficiency6. The 

challenge for solid oxide fuel cells stems from the high operating temperatures causing chemical 

and physical degradation of electrode-electrolyte interfaces over the course of operation in addition 

to fuel-electrode chemical interactions.  

All solid state batteries may seem more familiar  by comparison; where electricity is stored 

via an applied voltage that brings ions to an anode to store chemical potential, and when an 

electrical load connects the anode and cathode the ions can travel back from anode to cathode and 
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in turn release electricity through a current collector to generate power7-9. The challenge for lithium 

ASSBs lies in the selection of lithium ion conducting electrolytes that can survive the constant 

reduction-oxidization cycles of lithium electrodes, i.e., a chemically reactive environment due to 

lithium’s propensity to remove oxygen from its surroundings10. The all solid-state approach 

originates from the fact that conventional battery technology available commonly employs a liquid 

electrolyte that has unideal stability (flammable, prone to temperature effects, leaks, etc..) in 

lithium ion and lithium metal systems.  Solid-state designs that remove most or all of the 

unstable/flammable components are therefore researched rigorously as an alternative system to 

liquid electrolyte designs7.  

 Where ASSBs and SOFCs find commonality in their engineering challenges is at the 

forefront of bulk ceramic powder processing of individual materials and composite interfaces. 

Individual cells must be constructed at a length scale of half a millimeter or less to form a dense 

membrane to separate porous electrodes that allow ion and gas transport to flow efficiently in a 

fuel cell system11, or for intercalation of lithium ions into the cathode in a lithium battery system12. 

Stability issues plague the multi-material composites responsible for both catalysis, electrical 

current collection from anode to cathode, ionic transport within the electrolyte, and mechanical 

support of electrochemical cells. An approach to improve longevity of these constituents is to use 

mixed ionic electronic conducting materials and solid-state electrolytes to optimize charge 

transport kinetics of both ions and electrons. However, the utilization of these materials in 

electrochemical cells separately or together demands a strong powder processing foundation.   

Materials Context for Ceramics Engineering 

The ability to selectively rearrange atoms from the microscopic to the macroscopic scale 

with precision is the keystone of modern engineering for electronic devices. From the knowledge 
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of how to purify and intermix the range of elements on the periodic table comes the versatility of 

modern materials. Ferromagnetic, diamagnetic, ferroelectric, oxygen conductors, and piezoelectric 

materials are critical contemporary technologies that arose from manipulating raw elements into 

structures that can be doped incrementally to engineer their functional properties13-15. The forefront 

of materials science lies in understanding both the fundamental behavior of novel mixtures of 

elements and pioneering new techniques towards bulk material fabrications across a range of 

dimensionalities and applications. 

Although the spectrum of materials science and engineering spans across nearly every 

branch of the physical sciences, few classes of materials are as old and vast in applied technology 

as ceramic oxides.  Ceramic oxides have become diverse in the realm of tunable electrical and 

thermal properties16,17. For each elemental oxide added to a ceramic material, the greater the extent 

of functional tuning available to the end user. While endless material doping and substitution 

possibilities may exist, manufacturing control increases in difficulty for each addition. Critical 

milestones for multi-element ceramic oxides towards adverse chemical and thermal environments 

start with understanding the creation of their powders18. The choice of technique for intermixing 

multiple precursors to synthesize ceramic powders limits their efficacy. 

Under the scope of ceramic materials, the fabrication of bulk materials requires powders 

to account for the restrictively high melting temperature with regard to castability19. Therefore, the 

formation of workable powders that can be pressed, deposited, or casted as a suspension in a slurry 

is required to form components of desired geometry20. Powders are the bulk collection of finely 

dispersed material particulate, where each particle is either a single crystal, or an agglomerate of 

multiple smaller bound single crystals. Ceramic powders are generally not meant to be melted 

down for casting a final component. Instead, powders are thermally treated to facilitate bulk 
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consolidation through a process of particle joining called solid-state sintering. To describe briefly, 

sintering is the joining of bulk particulate at temperatures well below the melting point to minimize 

free surface energy of individual particles by consolidating them into one polycrystalline 

microstructure21. Essentially, interatomic diffusion of vacancies for both cations and anions in 

ceramics is enabled at a high enough temperature, and the net motion of atoms will transfer towards 

smoothing the interfaces between particles until they form necks. Those particle-particle necks 

serve as diffusion sinks so that the individual crystals in the microstructure known as grains can 

continue to grow and consolidate until any porosity that exists between particles closes up and 

ceramic is then fully densified. Densification is the reduction in porosity and consolidation of a 

powder, and it is only over 92-93% relative density do pores become completely closed off from 

one another19,21. 

 Porosity and morphology control is enabled via bulk powder processing of ceramics thanks 

to the ability to selectively incorporate variable particle geometries and pore formers that evacuate 

upon thermal treatment. The difficulty in manufacturing these components then arises from the 

nuanced sensitivity of ceramic phase control to processing conditions. Ceramics that can survive 

adverse chemical and thermal environments in turn demand specialized processing flow charts to 

attain desired geometry while preserving desired properties. Doped zirconia is an example of 

where ceramic processing science and engineering found its stride in the 20th century. Without the 

discovery of cubic phase stabilization of yttria doped ZrO2 (YSZ), the production of bulk 

manufacturable zirconia blades and oxygen gas membrane sensors would have fallen short of 

applicability22. Forming a sintered ceramic body is rarely as simple as packing powder together 

and thermally treating to consolidate. Phase transitions and chemical purity of ceramics must be 
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controlled during consolidation within their prospective environments lest the sintered body falls 

apart or loses its material property.  

In addition to accounting for phase control of powder consolidation, the correct form factor 

must also be generated via powder processing and thermal treatments without side reactions 

breaking down the interface between electrode and electrolyte. An example in the realm of SOFC 

manufacturing is in forming an interface between lanthanum strontium cobalt ferrous oxide 

(LSCF) cathode and YSZ electrolyte. Under normal operating conditions these two materials 

would not react, but in the process of sintering the two materials together they can form an 

insulating barrier of SrZrO3 that blocks ionic and electronic conduction if temperatures exceeding 

1200 oC are utilized23. Specialized studies of processing-properties relationships associated with 

how materials are fabricated in a cell are critical to performance.  

 The process of manufacturing cells, and long-term operation material compatibility 

confounds the feasibility of all solid state batteries and solid oxide fuel cells. Generally speaking, 

novel research approaches are centered around replacing existing choice materials with more 

resilient, less sensitive to thermal processing alternatives or selective doping to improve material 

properties3,24.  However, each novel approach becomes more and more complicated by new side 

reactions, phase transitions, and difficulty in generating clean interfaces with materials. Rewarding 

research projects in regard to improving electrochemical cells are the removal of a set of materials 

entirely and replacing them with a single material that achieves multiple functions 

simultaneously25. A multi-functional material can therefore eliminate the issues of multi-material 

interfaces by negating or improving the interfaces themselves. 
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Multi-Functional Ceramics: Background 

When evaluating material functions needed to make a lithium battery or solid oxide fuel 

cell to operate, then cross-examining the properties of all the elements of the periodic table, it 

becomes readily apparent that no combination of pure elements in existence is sufficient. That is, 

specialized compounds of the elements and oxides of multiple elements need identification to 

satisfy the functions of current collection, ionic transport, electronic insulation between electrodes, 

cathode, and anode potentials for electrochemical energy to be harnessed26. Conventional designs 

of electrochemical cells usually call for composites of different material classes to be effective. 

Ideally, it should be possible to replace these components with a single ceramic material that 

achieves both of their functions without the chemical and thermal instability issues.  

Why turn towards ceramic oxides as prime candidates for multi-functional electrochemical 

materials? The rationale for materials selection is a product of both accessibility and tunable 

functionality. Ceramic oxides give the end user the ability to selectively modify chemical, thermal, 

electrical, and mechanical properties thanks to the manner elements manifest themselves in an 

oxide lattice16. To understand why powder production of ceramic oxides and their incorporation 

of a broad range of elements widens the aperture of applied material functionality, examination of 

oxide properties becomes necessary.  

A simple analogy to lead off discussion: if covalently bonded carbon can be thought of as 

the basic building block of organic chemistry and polymeric materials, then the oxygen anion O2- 

can be thought of as the basic building block of ceramic oxides. Several important distinctions set 

mixtures of oxides apart from metals and alloys, such that generalizing only to brittle and insulating 

behavior oxides is somewhat erroneous. The high electronegativity of oxygen allows for nearly 

every class of element on the periodic table to donate electrons to oxygen, namely metals and 
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metalloids are oxidized in ceramic contexts. When metals are oxidized, they become positively 

charged ions referred to as cations Mn+ where M is the oxidized element and n is the number of 

electrons lost, which indicates the charge of the cation. These metal cations and oxygen anions 

(O2-) form a repeating array of atoms called a lattice, and the pattern of the lattice’s array of atoms 

is known as the material’s phase. The solid-state nature of metal oxides will of course appear 

redundant with that of elemental metals, but with poor ductility and conductivity when oxidized. 

Thankfully, there are many options for tweaking metal oxide compounds such that their 

mechanical properties are not so poor, nor their electronic transport insufficient for electrodes27.  

 As such, the benefit of ceramic oxides arrives to the end user as a resilient to corrosion 

class of materials that encompasses almost every element present in the Earth’s crust. Metal oxide 

constituents of alkali, alkaline, lanthanoid, actinide, transition metals, post-transition metals, and 

metalloids all find relevance in ceramic material structures27. The variety of elemental 

combinations becomes further expanded by the range of polymorphs and valency for oxides. For 

many of the elements, especially transition metals, the extent of oxidation is not fixed. The total 

extent of electron donation of the metal to oxygen n can be as little as one electron in the valence 

band being released, or all of them, and no particular ratio is universal across the elements. A 

common effect of oxidation shifts is the formation of a new phase, where the shrink in size of the 

metal cation and addition of oxygen anions makes the previous periodic arrangement of atoms 

unstable. When a new lattice forms with a shift in metal valency,  so too the physical properties 

shift with oxygen content. Electrical conductivity generally shifts from being metallic to semi-

conducting to insulating as the extent of oxidation increases. An example: Tungsten oxide under 

variable oxygen content in the lattice shifts conductivity 9 orders of magnitude from a 

stoichiometric shift of WO2.74 to WO3
28. 
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 Ceramic oxide variability in valency and properties can therefore be leveraged in powder 

processing to generate materials suitable for all solid state battery electrolytes and solid oxide fuel 

cell electrodes. However, the physical criterion for the transport of lithium cations vs the transport 

of oxygen anions and electrons within a solid material are intrinsically different. The overlap in 

ceramic powder processing techniques ends where the functional property and crystal structure 

differences begin. The exploration of two ceramic powder systems was necessary to improve 

electrochemical membrane functionality via stability and charge transport kinetics for SOFC 

electrodes and ASSB electrolytes: multivalent double perovskites, and lithium stuffed garnets.  

Multivalent Double Perovskite Powders 

A solid oxide fuel cell requires a dense YSZ separator to block electron and gas permeation, 

while providing ionic transport to metallic anode cermet catalysts responsible for fuel oxidation in 

a porous membrane3. Those SOFC cermet anodes of nickel metal and solid oxide electrolyte suffer 

from both thermal coarsening of metal particles that breaks electrical percolation, and fuel 

contamination interactions with the interface between nickel metal particles and the YSZ 

electrolyte in the anode29. Therefore, a ceramic is needed that can replace the function of YSZ as 

an ionic conductor with nickel metal as a catalyst and current collector. Fortunately, the criterion 

for materials can be narrowed down to a specific set of crystal structures that meet stability and 

charge transport demands called perovskite oxides. The perovskite structure is a layering of two 

cations with oxygen anions within the lattice’s unit cell as ABO3, where the A site is coordinated 

at the corners of cell, B is coordinated in the center, and O2- is located on the faces of the cell. The 

A site is surrounded by 12 nearest neighbor oxygen anions while the B site is surrounded by 6 as 

an octahedron BO6
30.  
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 The merit of the perovskite structure class of multi-functional materials lies in their 

tolerance for A-site and B-site combinations and additional substitutional doping. A-sites are 

usually alkali, alkaline, or lanthanide cations, while B-sites are typically transition metals and post 

transition metals. Additional doping in the structure can alter stoichiometry such that A’1-xA”x B’1-

y B”yO3, meaning the physical properties can be tuned incrementally, and with dozens of possible 

elements available for modification. Perovskite structured oxides have been extensively studied in 

lithium ASSBs and as solid oxide fuel cell cathodes. The perovskites Li0.33La0.56TiO3 (LLTO) and 

La0.6Sr0.4Co0.2Fe0.8O3 (LSCF) are capable of conducting lithium ions and oxygen anions 

respectively, thanks to the ability to form ion vacancies within the lattice itself31,32. Vacancies are 

required for any form of diffusion to take place in a solid, but in the case of perovskites the ability 

to facilitate vacancy formation either through sub stoichiometric A-sites or via transition metal 

valence shifts in oxygen content is elevated due to the ability of a cubic lattice to remain stable. 

Essentially phase stability coupled with increased vacancy concentration allows for less impeded 

transport of ions in operation33.  

 The ability to insert dopant cations to help generate multi-valency within perovskite 

materials is an added benefit of the structure. The multi-valency available from many discrete 

oxidation states present in the lattice in turn aids oxygen vacancy formation and improves ionic 

conductivity. Multivalent doping of perovskites is commonly employed for SOFC anodes and 

cathodes as the multiple electronic states and oxygen conductivity make for ideal 

electrocatalysts3,30.  

Electrocatalysts rely on a specific anode-cathode reaction couple to perform electrolysis of 

oxidized chemical species such as CO2 and H2O or electrochemical oxidation of hydrocarbon or 

hydrogen-based fuels34-36. At the anode side the oxygen is either removed from inflowing gas in 



11 
 

 
 

electrolytic reduction or donated to fuel gas in a fuel cell oxidation reaction. At the cathode side 

oxygen is absorbed to become an anion O2- in a fuel cell or released from the surface as O2 gas 

during electrolytic reduction reactions. This variation of oxygen exchange at the anode/cathode 

surface usually occurs in multiple steps and is dependent on the temperature along with the reaction 

species. Kinetically the reaction is inhibited if there are not enough reaction sites for the molecules 

to absorb to, or transport of gas, ions and electrons to the reaction sites is too slow to keep up with 

the exchange of oxygen at the surface6. Oxidation/ reduction also cannot occur without a specific 

energy level overlap of both the electronic structure of the electrodes with the reactant molecule’s 

respective orbital energy to exchange the electrons and oxygen. The multivalent nature of doped 

perovskite oxides presents opportunities to tune catalytic activity per function of dopant altering 

electronic band structure interactions with reaction gas species37.  

This difficulty of both energetic overlap with high transport rates of reaction constituents, 

often calls for exotic material blends for electrode utilization. Blends of metallic catalysts with 

electrolytes or in the case of high temperature electrolysis such as solid oxide fuel/electrolysis cells 

the use of deliberate solid-state oxygen conductors, merge with metallic catalysts and the gaseous 

medium at a triple phase boundary reaction site38. In the case of water-splitting cells39, proton-

exchange membrane cells40, metal-air battery cell cathodes41, molten carbonate42, direct carbon43, 

direct hydrocarbon44 and solid oxide cells3 the reaction constituents, ion-electron transport 

medium, temperature and chemical environment vary for each respective system.  

However, all of the above systems share the fundamental limitation of catalyzing the 

electrochemical reactions at locations where all three constituents of electrons, ions, and reaction 

species must mingle at the same interface. Many times, an electrocatalyst will lack either electrical 

percolation or conductivity within a porous electrode, and thereby need an additional current 
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collector to surround the reaction surface area in tandem with an electrolyte to transport oxygen 

and hydrogen ions where the gaseous species react45,46. The difficulty then becomes selecting a 

ceramic such as a perovskite capable of facilitating each of these charge transport mechanisms and 

reaction site interactions with longevity.  

Multivalent perovskites are capable of solving many of these charge transport issues 

because they are mixed ionic electronic conducting materials (MIEC). A MIEC is a material with 

the ability to conduct both constituent ions and electrons within the bulk and surface suddenly 

negates the micro-engineering difficulty associated triple phase boundary reaction compatibility. 

The reactant gaseous species, and the ions and electrons can join within the same medium: the 

MIEC surface, to react with one another and then transport the reaction products away from that 

surface38. Perovskite oxide materials therefore provide an excellent opportunity not just for the 

above mentioned catalytic potential, but for their ability to conduct both electrons and ions to and 

from the reaction sites all within its own medium30,47. Complementary to the single-phase 

conductivity benefits are MIEC materials’ general resilience to fuel contamination such as coking 

and sulfide poisoning plaguing metal-cermet based electrocatalysts with triple phase boundaries 

in high temperature SOFC systems48. Though not all perovskites are resistant49-51, in the case of 

specific multivalent oxides52-56 including vanadium doped oxides57-59, most sulfide poisoning and 

otherwise coke forming fuels have been nullified for increased anode longevity.  

The drawback is that many MIEC perovskites trend toward low catalytic activity and 

electrical conductivity  relative to other suitable cermet-based electrodes or precious metal-based 

alloys commonly found in literature overviews for fuel-electrolysis cell applications60. Therefore, 

even with all the advantages state of the art perovskite electrocatalysts possess for fuel cell 

electrode utility, they still fall short in scenarios where the metallic like electrical conductivity 
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supports current collection. The fostering of multivalency alone is not enough to ensure a high 

enough electrical, ionic, and catalytic activity to be feasible, more often perovskites still need an 

additional current collector such as carbon to make up for their lower electrical conduction46.  

The existing electrocatalysis systems face the conundrum of unsatisfied selection criterion 

for high temperature mixed conduction capable of multi-valency and higher electrical conductivity 

comparable to transition metals. A class of perovskites known as double perovskites may yet have 

a combination of elements capable of satisfying the metallic conductivity criterion of MIECs.  

 

 

Figure II: Double perovskite unit cell of Sr2VMoO6
61. 
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The subclass of double perovskites incorporating SrMoO3 (SMO) perovskite, but in a 

layered B-site configuration Sr2B’MoO6 such that B’ is a transition metal that repeats in a 

conductive cubic or tetragonal lattice structure holds promise. SMO has a metallic-like 

conductivity owing to exceptional orbital overlap of oxygen 2p orbitals with molybdenum 4d 

orbitals in the lattice that form a band continuum rather than a more common semi-conducting 

band gap electronic structure62-65. Well researched B’ cations include Fe and Mg as they each fulfill 

the requirements of a SOFC anode system66. However, they still fall short of being comparable to 

nickel metal’s electronic conductivity (>1000 S/cm) being only 20-250 S/cm) in operation52-55. 

Another perovskite SrVO3 (SVO), has exceptional thermal stability and greater resistance to 

oxidation, not quite as high electrical conduction as SMO, but still metallic like in nature and over 

1000 S/cm67-69. The mixed conducting properties of SVO and SMO have recently been combined, 

to make a solid solution of vanadium and molybdenum in a double perovskite lattice as Sr2VMoO6 

(SVMO).  
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Figure III: X-ray photoelectron spectroscopy derived valence state percentages of Sr2VMoO6-δ at 
700 oC under vacuum, a) vanadium oxidation states, b) molybdenum oxidation states70.   
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Figure IV: Sr2VMoO6-δ conductivity vs temperature under forming gas of 3 Sr2-x stoichiometries70. 
 
 

SVMO preserves the electrical conductivity of SMO, while adding the oxidization stability 

of SVO61,70-74. Better yet, as many as 8 oxidation states have been detected within the double 

perovskite lattice of SVMO70. Normally strontium molybdate derived double perovskites only 

possess one or two oxidation states per B-site lattice. The presence of many oxidation states within 

the same lattice makes the prospect of catalytic activity elevated for this double perovskite. 

Another double perovskite shown to have as many oxidation states existing simultaneously in the 

lattice as SVMO is Sr2TiMoO6 (STMO), yet SVMO can have over 10 times higher electrical 

conductivity than STMO63. Where SVMO still has technical hurdles is less so in its functional 

capability and more so in fundamental understanding of its powder processing properties 

relationships.   
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While SVMO can have elevated conductivity, there are several research papers that 

demonstrate conductivities closer to that of SVO than SMO71-73. The common denominator is that 

each SVMO prior literature research study performed has elucidated the double perovskite 

structure but using different synthesis and thermal treatment techniques. The inconsistent sample 

fabrication approaches for SVMO have yielded only open porosity so far. Attempts to sinter 

SVMO to a threshold beyond 90% relative density have failed, as significant particle-particle bulk 

diffusion is hindered under ordinary double perovskite sintering parameters between 1200 oC – 

1400 oC61,70-74. SVMO’s lack of bulk consolidation limits the fundamental understanding of 

conductivity behavior if the path length of electron transport is not consistent enough for a linear 

Ohm’s law calculation from sample resistance. The poor understanding of SVMO’s powder 

consolidation behavior will be unacceptable for developing dense porous membranes for SOFCs 

and beyond. A deliberate study of how synthesis conditions and thermal treatments influence 

polycrystalline phase formation should rectify fundamental study concerns.  

Lithium Garnet Powders and Freeze Tape Casting  

A conventional lithium ion battery requires both an ionically conductive liquid and a 

polymeric separator between anode and cathode to allow transport of lithium ions while also 

blocking electronic conduction with the separator75. The separator itself is not resistant to lithium 

dendrite formation during charge-discharge cycles that would form with lithium metal interactions 

with the electrolyte, which leads to shorting and thermal runaway of batteries76. The flammability 

issues of lithium ion batteries provide motivation for the electrolyte and separator being replaced 

with a non-reactive ceramic electrolyte that is stable against lithium metal with adequate ionic 

conductivity.  
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By contrast to electrocatalytic electrodes, a lithium battery solid electrolyte actually 

benefits more so from monovalent cation incorporation. The free energy of formation for lithium 

to lithium oxide is lower than most transition metals, so its capability for reducing metals and 

oxidizing itself will cause material degradation at the anode-electrolyte interface of Li2O. In the 

case of multivalent transition metal cations, lithium metal may not fully reduce the cations to metal, 

but it could at least generate an oxidation state shift77. LLTO may show promise as a solid 

electrolyte for anode alternatives to lithium metal, but often the Ti4+ can reduce to Ti3+ in presence 

of lithium metal which in turn oxidizes. While the perovskite structure is versatile and can be 

doped with additional B-site cations to help stabilize the redox reaction78, recent efforts have 

moved toward evaluation of solid electrolytes with redox potentials near that or lower in free 

energy than lithium. Namely aluminum oxide, lanthanum oxide, and zirconium oxide based 

material alternatives that remain inert against lithium metal while still transporting lithium ions. A 

solid-state lithium electrolyte of key interest that enables free ion transport at room temperature 

but still utilizes the lithium metal anode with a wide stability window against multiple cathode 

materials is the relatively novel material subclass of lithium stuffed garnets.  

The garnet structure of Li7La3Zr2O12 (LLZO) takes priority over perovskite structured 

LLTO as a lithium ion conductor due to its higher stability of Zr4+ cations  than Ti4+ cations77. The 

advantage of chemical stability has made LLZO a popular research material for ASSBs in the last 

10 years. Of course, the benefits of LLZO garnets have their own issues associated with powder 

formation relative to perovskites. The most critical of which is the stabilization of the cubic phase 

over the tetragonal phase of LLZO using dopants. The ionic conductivity decreases nearly 4 orders 

of magnitude when in tetragonal form, and so the goal of powder processing is to first dope the 

structure such that when sintered the LLZO remains in its cubic phase. A preferred dopant of 
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LLZO is Al3+ to form Li6.25La3Zr2Al0.25O12 (Al-LLZO), which can be introduced via controlled 

additions during the synthesis or sintering process. Aluminum doping allows for net lattice 

contraction as it is substituted into the lattice and does not interfere with ionic conductivity 

provided the concentration is kept below Al0.30 stoichiometry79-82. LLZO solid solutions to go 

through several transformations during synthesis before reaching the desired phase. In LLZO the 

most common path is for La2Zr2O7 and Li2ZrO3 to form while Li2CO3 melts and volatilizes before 

the three phases finally consolidate into the Li7La3Zr2O12 phase83.  

Perhaps an even more sensitive parameter of LLZO performance is lithium 

stoichiometry84. Li7.5, Li7, Li6.5 , Li6La3Zr2O12 stoichiometries can alter ionic conductivity by an 

order of magnitude or more. To paraphrase: the ability of Li+ to conduct through the lattice is 

contingent on a specific ratio of lithia tetrahedral and octahedral site occupancy. If the sites are too 

filled, or too heavily weighted in filling to one vs the other the ion flow will be suboptimal33. What 

compounds the difficulty in consistent ionic conduction of LLZO is that the thermal processing 

needed to phase form and sinter bulk polycrystalline membranes will cause lithium to volatilize 

and leave the lattice85. As much as 10 mol% excess lithium is used in LLZO studies as both a 

means of compensating for lithium loss and as a sintering aid86. 

 The lithium volatilization of LLZO can also form the cubic pyrochlore La2Zr2O7 found as 

a synthesis intermediate phase, and if the cubic phase is not stabilized the tetragonal LLZO 

formation will become apparent. Sensitivities to stoichiometry of precursors can also be identified: 

if there is not enough La3+ present in the lattice an excess of Li2ZrO3 phase will form. None of 

these extraneous phases are ideal as they will increase interfacial impedance of lithium ion 

transport87. The net effect: LLZO is extremely sensitive to phase formation and processing 
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temperatures because the final ionic conductivity is contingent on cubic phase stabilization and 

lithium concentration.  

LLZO’s mechanisms of ionic conduction and physical properties have been thoroughly 

elucidated via theoretical and empirical research studies33, 87-90. At the current stage of research, 

the less complete understanding is in the materials engineering for both generating a ceramic bulk 

conducive for ionic transport from lithium metal anode to cathode and preserving the most 

conductive stuffed cubic garnet phase throughout the fabrication process85,91. Therefore, a highly 

porous structure with low enough pore tortuosity and thin enough membrane to block lithium metal 

dendrites without reducing power density (charge/discharge rate) is desirable for LLZO 

ASSBs12,92.  

Conventional lithium ion electrolytes and separators previously discussed function at a rate 

10 times higher or more than LLZO per the same thickness and mass (102 vs 103-104 S/cm)91. The 

design and fabrication of a thin, dense membrane coupled to a porous scaffold becomes the most 

rational method for negating the lower conductivity of solid electrolytes by simply lowering the 

net path length of lithium ions from anode to cathode. The study of sintering LLZO powder 

becomes a precursor to optimization of such porous scaffolds, as the casting process further 

complicates the stabilization of the cubic garnet phase. Most industrial scale ceramic scaffold 

fabrication takes place via a slurry molding process called tape casting. Tape casting is the 

deposition of a layer of material particulate in solvent based slurry at a controlled thickness, and 

often required to fabricate sintered ceramics of a desired form factor (circles of controlled 

diameters, right angles, etc.)14,20. The behavior of a constituent powder when dispersed in a slurry 

can behave differently depending on solvent or interactions with additives during the sintering 

process93. Therefore, controlled studies on the consolidation of powder compacts can be an 
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important factor in elucidating how sintering may be affected by the casting process separately 

from any intrinsic consolidation behavior. Improvements to the porosity of cast powders can be 

accomplished via pore formers, or improvements in densification made via addition of sintering 

aids. The effect of generating low tortuosity pores for ion channels is more difficult, but a necessary 

improvement to reduce ion transport length in ASSBs.  

 

 

Figure V: (a) Optical image of cathode infiltrated LLZO bilayer. Cathode infiltrated porous layer 
surface (left) and dense layer surface (right) are shown. (b) SEM fracture surface image of cathode 
infiltrated bilayer. Images were taken prior to SCN electrolyte infiltration. (c) Same cell at higher 
magnification showing cathode infiltrate. (d) Illustration of FTC LLZO scaffold with all 
components. Taken from chapter 692. 
 
 

In turn, the pores can be filled with active cathode materials such as the LiNi0.6Mn0.2Co0.2 

particles (LiNMC) such that the total path length of ion transport is minimized in solid state 

electrolyte scaffolds94. LiNMC is a derivative of the original LiCoO2 lithium intercalation cathode, 

only the cobalt cations are substituted by nickel and manganese to generate a lattice with added 

stability. The Ni0.6Mn0.2Co0.2 (622) ratio is not the only option, others such as (333) can be 

incorporated whether added capacity or stability is desired95. The lower cobalt (622) stoichiometry 

has two advantages for an LLZO ASSB: lower cost for higher nickel content, and greater 
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interfacial stability with LLZO as cobalt forms a non-conductive layer from interdiffusion of 

ions10,96,97. LiNMC or similar desired active cathodes require binders (PVDF) to adhere conductive 

carbons, polymer electrolytes like polyethylene oxide (PEO) or succinonitrile (SCN)98, and the 

solid-state electrolyte together92,99. Without uniform contact and transport interfacial mediums for 

the lithium ions to connect the cathode with the electrolyte and current collector, the electrical 

impedance of the cell will be too great for operation100. Making use of a scalable low tortuosity 

pore generation process with a thin dense membrane of LLZO would then allow active cathode 

charge transport to be optimal. 

A specialized tape casting process that was explored in this work is freeze tape casting 

(FTC). The formation of ice dendrites during a slurry casting process allows for open porosity of 

low tortuosity to form101,102. Neither freeze tape casting nor standard tape casting approaches are 

as simple as mixing powder and water together and extruding for drying and sintering. In addition 

to pore formers of carbon or in FTCs ice dendrite formation, the particles must remain fully 

dispersed during the casting and drying process. Dispersing agents to suspend particles and prevent 

settling, surfactants to ensure even wetting of the slurry, and binders to hold particles together after 

drying. Each of these components need to be optimized with respect to the ratio of particle volume 

to solvent volume, known as solids loading, to ensure no segregation or aggregation of particles 

takes place103.  
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Figure VI: Schematic representation of freeze tape casting with optimized casting speed for 
achieving linear solidification front. Top: 5mm/s @ -30 oC for 30 vol%. Bottom: ~0.5 mm/s pull 
velocity of mylar @ -30 oC for 30 vol%. Taken from chapter 7. 
 
 

 

Figure VII: SEM micrograph of tape cross section (bottom) with excessive carrier speed (A) and 
optimized carrier speed (B) (bar = 200 µm) 30 oC. Taken from chapter 7. 
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When looking to form a material as an FTC, additional considerations must account for the 

dendritic growth behavior of ice crystals. When additives such as surfactants are used, they may 

lower the melting temperature and in turn require lower casting temperatures to achieve 

solidification of the freeze front101,104. The solidification front, as shown in Figure VI, has to be 

brought to a specific speed such that the ice crystal growth forms along the thermal gradient if pore 

alignment is desired. Care must also be taken to not freeze the particles too fast at lower 

temperatures, otherwise the dispersed particles will become entrapped in the ice crystals and fail 

to form the pore channels upon freeze drying the frozen slurry105. The material properties of the 

powder may affect the freezing point too, and in the case of lithium containing ceramics this effect 

is prevalent. LLZO particles form lithium hydroxide and lithium carbonate on their surfaces when 

exposed to moisture and ambient atmosphere77. The dispersing agents do not effectively coat the 

surface like with other oxide ceramics like YSZ, so there is a tendency for particles to settle and 

become weakly bound to binders. The integration of both LLZO powder synthesis and sintering 

optimization with freeze tape cast processing studies should warrant additional research attention 

if ideal lithium transport of higher energy density ASSBs will be realized. 

Dissertation Objectives 

A dedication towards optimizing the microstructural control of both SVMO and LLZO is 

paramount for improving their viability in the scalable manufacture of electrochemical cells. While 

representing unique chemistry and chemical precursors, solution based synthesis and thermal 

processing have similar paths that apply to both materials’ powders and will be explored in further 

detail in a scope relevant to solid-state electrochemical cell fabrication. In this manner a strong 

basis for research in this work is achieved homogeneity of precursor and hence cation constituents 

followed by separately optimized thermal processing pathways to remove unwanted precursors 
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and nucleate the desired solid solution phase13,18. Phase evolution from precursor to desired phases 

with multiple cations in complex ceramic structures is a convoluted pathway and foundation of 

processing- properties variations that is embodied through unwanted side reactions or extraneous 

phases even in trace quantity27. The body of work described in this dissertation explores the 

synthesis and processing of SVMO and LLZO; representing structurally complex, multi-cation 

component ceramics to revolutionize the functionality of electrolytes and electrodes used in solid-

state energy conversion devices.  

SVMO Double Perovskite Sintering  

The merit for a novel electrocatalyst having metallic like conductivity with mixed valency 

and conduction of ions has become apparent across a range of electrolysis and fuel cell systems45,46. 

The bottleneck for using double perovskite SVMO to fulfill that merit lies with inconsistent 

consolidation obscuring the V/Mo stoichiometry’s contributions to electronic and ionic character. 

Ordinarily, sintering of double perovskites is difficult but not untenable to the point of requiring a 

dedicated series of experiments to minimize the thermal processing difficulties getting >92% 

relative density. In chapter 2, the production of nano-crystalline powders demonstrated the utmost 

priority to homogenously distribute Sr, V, and Mo cations for improving phase formation and 

breaking the threshold for sintering kinetics. A controlled dissolution and precipitation of 

precursors was tailored by the Pechini gel process where a polymeric nucleation reaction of citric 

acid with ethylene glycol cages metal ions to homogeneously mix and nucleate SVMO 

nanoparticles106,107. Chapter 2 research explored using a consumer grade microwave to heat the 

dried precursor gel to expedite the gel ashing process via irradiation to rapidly vaporize water from 

the gel. A determination was the reduction processing step is absolutely critical to the phase 

formation of SMO, SVO, and SVMO solid solutions, but the phase formation process causes 
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asymmetric shrinkage of perovskite particles that makes a simple calcination and reduction of 

precursors unfeasible for fabricating an electrode material. 

 Chapter 3 is a part 2 continuation of the study from chapter 2, where the effect that Mo/V 

intermixing has on sintering behavior and multi-valency was investigated. Essentially a 

mechanism for why SVMO has a profound resistance to thermal diffusion was probed for, rather 

than just answering the question of how to sinter particles in chapter 2. An overlooked paradigm 

of sintering atmosphere turned out to have a profound effect on thermal diffusion characteristics 

depending on whether reducing gas or inert gas was used. In effect, the mixture of oxidation states 

observable via XPS as being more reduced is correlated to the lack of thermal diffusion in reducing 

atmosphere. Further experiments probing the stiffness of interatomic bonding with 

nanoindentation advanced the notion that sintering difficulties of SVMO above that of single 

perovskites SVO and SMO are related to the extent V/Mo intermix to form a synergistic multi-

valent bond within the same crystal structure.  

LLZO Synthesis and Freeze Casting 

Chapter 4 addresses the research challenge of both the calcination and sintering with just 

the right amount of lithium for LLZO phase formation and sintering temperature profile. The 

theme of LLZO powder casts suffering from too much thermal treatment or unrefined lithium 

incorporation set the stage for new strategies of excess lithium precursor additions in conjunction 

with calcination and sintering protocol for porous scaffolds. Approaches for minimizing the 

temperature needed for cubic LLZO formation to then sinter at 1100 oC for a limited time were 

explored to minimize the lithium volatilization and secondary phase formation.  

In chapter 5 the FTC behavior of LLZO was evaluated to show the exchange of lithium 

ions depresses the melting point of the slurry, so pore formation behavior deviates significantly 
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with solids loading. The open porosity of FTC scaffolds was measured via X-ray tomography to 

chart the lithium ion pathways present and verify that the tortuosity is in fact minimal for ASSB 

electrolyte applications. Ionic conductivity measurements of said scaffolds also confirmed a lower 

impedance of lithium transport relative to comparable polymer electrolyte and garnet powder 

composite membranes. Chapter 6 demonstrated the merit of LLZO electrolyte FTC scaffolds in a 

ASSB utilizing a lithium metal anode, and LiNMC cathode. The form factor was indeed ideal for 

lithium charge-discharge transport but still had some capacity loss issues associated with 

lamination of the cathode infiltrate. Lastly, chapter 7 was a study on the intrinsic porosity 

alignment process exclusively within freeze tape casting. Although comparable pore alignment 

can be achieved through bi-directional thermal gradient freezing108, an FTC cast layer can achieve 

the same process in a readily scalable technique for thin, porous scaffold fabrication of solid state 

electrolytes.   
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MICROWAVE ASSISTED SOL-GEL PROCESSING INFLUENCE ON THE 

MICROSTRUCTURAL CONSOLIDATION OF V-Mo DOUBLE PEROVSKITES. 

Abstract 

The double perovskite Sr2-xVMoO6-δ (SVMO) has recently shown promise as a high 

temperature electrocatalyst with electronic conductivity near that of metallic catalysts, that 

provides a bridge for combined catalyst and current collector when percolation is required that 

metal-free catalysts often lack. The extensive multi-valent B-site structure, oxygen deficient defect 

structure, combined with tremendous processing-properties variations merits an in-depth 

investigation into the stoichiometry, processing influence, and valence states that drive this 

materials system. The use of microwave assisted sol-gel powder synthesis has established the 

parameters necessary to form phase pure nano powders related to powder synthesis and 

sinterability to achieve microstructure conducive to evaluate variations in conductivity and redox 

behavior. We demonstrate the link between microstructure development and synthesis parameters 

in the context of porosity and grain to grain consolidation at temperatures above 1000 oC. Such 

processing optimization enables deliberate control of open porosity or higher sintered density per 

desired functionality. Further experiments on cation stoichiometry and valence state effects on 

phase purity and conductivity can also shed light on processing optimization for SVMO’s role as 

a reversible fuel cell hydrogen electrode. 
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Introduction 

The evolution in oxide-based materials has enabled the functionality of many novel 

electronics over the course of the 20th and early 21st century. The perovskite oxide structure ABO3 

incorporates the full range of metalloids, transition metal elements, lanthanides, alkali, and alkaline 

elements to be incorporated into material design to manipulate crystal structure and achieve desired 

electronic and ionic mobility. Perovskites are widespread as electrocatalysts, ionic conductors, 

thermal and electric insulators, metallic and semiconducting based applications1. To achieve 

powders for various applications, one must synthesize multi-cation doped perovskites at A-sites 

and B-sites, where achieving desired homogeneity at the unit cell level needs thorough mixing of 

constituent precursor oxides2-5. Combinations of different materials for various properties in 

electrochemical cells is usually necessary and complicates processing to account for chemical 

compatibility at triple phase boundaries.  Mixed ionic electronic conducting materials have the 

ability to conduct both constituent ions and electrons within the bulk and surface and may negate 

the micro-engineering difficulty associated triple phase boundary reaction compatibility. The 

reactant gaseous species, and the ions and electrons only need to go one place: the MIEC surface, 

to participate in the electrochemical oxidation reaction process6
. Perovskite oxide materials 

provide an excellent opportunity for catalytic potential and the ability to conduct both electrons 

and ions simultaneously1,6. The MIEC material class presents opportunities for resistance to fuel 

contamination, such as coking and sulfide poisoning that plague metal-cermet based 

electrocatalysts with triple phase boundaries in high temperature solid oxide fuel cell systems7. 

Perovskites are not universally useful towards this end8-10; but specific multivalent oxides such as 

those doped with vanadium11-18 provide increased contamination tolerance in fuel cell systems.  
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The generation of rapid lab scale sampling of heterogeneously doped cation samples has 

enabled tuning of mixed conducting oxide properties to help transition to bulk scale manufacturing 

of powders19. Many MIEC perovskites historically trend toward lower catalytic activity and 

electrical conductivity, whereas other suitable cermet-based electrodes or precious metal-based 

alloys function as state-of-the-art electrodes20,21. Therefore, a demand for the rapid optimization 

of perovskite synthesis per given stoichiometry becomes imperative for achieving electrocatalyst 

functionality.  

For the tailoring of mixed conduction properties, few oxide materials offer the versatility 

of double perovskites. A layered B-site stoichiometry perovskite known as a double perovskite 

with the shorthand expression A2B’B”O6-y, or layered A-site stoichiometry AA’B2O5+d can give 

rise to multivalent cation properties within the structure22. This multivalency from both A-sites 

and B-sites creates opportunities for improved electrical properties, ion mobility, and adjustability 

of catalytic activity by generating oxygen lattice vacancies23-25. To understand electrochemical 

active surface area (total number of active sites for a given electrocatalyst) of double perovskites 

it becomes necessary to control what the intergranular content of double perovskite cations for a 

given surface. Specific valence state combinations can then be associated to the chemical-

electronic landscape at the surface to gas interface for fuel or electrolysis catalytic action. Simple 

enough when dealing with a simple perovskite or even layered double perovskite dense 

microstructure, but in order to access the multivalent layered structure there are several profound 

changes that prevent a true one to one analysis:  

 Multi-cation doped samples demand homogeneous mixing of precursors, so that each grain 

has an identical chemical composition when conducting bulk electrochemical surface area 



42 
 

 
 

measurements. In this manner, an average of bulk crystal surface interfaces could be measured 

for specific activity provided their surface area is known26.  

Failure to account for inhomogeneities could lead to secondary phases that may form new triple 

phase boundaries with the primary particle phase, which has been demonstrated with 

multivalent composite oxide mixtures in SOEC systems27.  

 Some Group 3-6 Transition metals and others that would otherwise be extremely useful as 

multivalent doping agents do not contain simple nitrates as expediently dissolvable and useful 

precursors. As a result, any phase precipitation for a given synthesis route must be examined 

per type of precursor. An oversight of phase evolution can lead to segregation of dopants and 

localized rather than homogenous changes to dominant oxide phase.   

Variations in the final microstructure distribution of double perovskite phases and cations, 

leave analysis unable to deconvolute whether a catalytic response, or electron transport is stronger 

or weaker from a target cation/valence stoichiometry or solid solution heterogeneity. Preparation 

of a solid solution via mechanical milling of precursor oxides and carbonates has served perovskite 

research well to study their physical properties. However, where simplicity and reliability in 

technique have been its strength, solid state synthesis lacks in modularity of powder morphology 

and final sintered microstructure. Depending on the necessity of sub-micron fine grain structure 

and porosity consolidation, solid state synthesis may present issues for ceramic manufacturing 

from prolonged processing, whereas a more expedient sampling of perovskite stoichiometries 

would be in order with fundamental laboratory research28. 

Most double perovskites can be synthesized in ambient air or require reduction or inert 

atmosphere heating close to sintering temperatures to completely form the double perovskite 

structure as independent steps to sinter particles23. Extra processing steps are to remove any 
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remaining metal oxides or composite oxide phases such as scheelite SrMoO4 in the case of 

strontium molybdate Sr2B’MoO6 double perovskites29. The achievement of both homogenous 

multi-valent structure with ample powder consolidation becomes a non-trivial problem quickly if 

faced with secondary phases that create variations in microstructure at high temperature.   

The mixed ionic electronic conducting material Sr1.9VMoO6 is one such candidate to 

possess the full triad of electrode properties usually engineered as composites. This particular 

double perovskite is gifted by multivalency; it possesses a remarkably wide range of oxidation 

states (as many as eight vanadium and molybdenum variations together) and electrical 

conductivity of 1000-10,000 S/cm 30-32. Sr1.9 as opposed to the usual Sr2 increases conductivity as 

much as an order of magnitude likely from greater Mo4+ electron rich valence states were generated 

in a prior study33. SVMO’s potential for electronic percolation and catalytic activity optimization 

are cursed by a lack of understanding of how to achieve consistent microstructural consolidation. 
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Figure 1: Graphical representation of SVMO’s lattice within a space charge layer, relative to 
commonly studied SFMO12,33. Sr2FeMoO6 with its commonly observed redox couples via XPS. 
Sr2VMoO6 valence states depicted based on in-situ XPS observations in prior Childs et al. study.  
 

As a result, nearly every prior literature study thus far has yielded different electrical 

properties in comparison to one another, none achieving greater than 90% relative density of true 

SVMO double perovskite structure, with conventional techniques usually resulting in 55% - 65% 

relative density upon sintering even as high as 1350 oC30-35. An additional difficulty in the synthesis 

process comes from the formation of the insulating, scheelite tetragonal phase SrMoO4 that is 

thermodynamically preferable in air to the perovskite phase. Any SrMoO4 that forms from thermal 

processing must be further reduced to the perovskite phase, otherwise SVMO will not exhibit its 

metallic conductivity behavior.  

In this paper we elaborate on the study of double perovskite Sr1.9VMoO6 synthesis 

parameters by utilizing a processing methodology that examines heat treatment and precursor 

variables with speed and consistency. Although nucleation dynamics of sol-gel and ammonium 

metal-based precursors have been studied36-39, the consequences of both ammonium molybdate 
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and vanadate complexed together with citric acid are unclear relative to the usual transition metal 

nitrate derived perovskites. A conventional microwave oven was added to this process to ash the 

solution rapidly and predictably in comparison to a hot plate heating technique, analogous to 

reported microwave assisted solution combustion but without fuel-oxidant ratio tuning apart from 

utilized chelating agents and pre-drying formation of viscous gel40-42
.  

Even more critical than the initial nucleation was an investigation into the phase 

transformations associated with double perovskite formation. Though some solid-state synthesis 

studies have bypassed the oxidized formation of scheelite structured SrMoO4 and pyrochlore 

Sr2V2O7 pyrochlore during calcination31, use of sol-gel demands air calcination to remove excess 

carbon, and can achieve greater tunability of final microstructure with less intermediate grinding 

steps. The reducing temperature notably affects the diffusion dynamics cations and was the second 

main processing variable. With all these processing parameters targeted, Sr1.9VMoO6 became a 

worthy study for double perovskite powder optimization. The synergy of our modified Pechini 

method and understanding of how reduction of multivalent perovskite mixes affects final 

microstructure have brought most limits of bulk densification to light.  

Results and Discussion 

Initial Microstructural Consolidation Experimental Results  

First, the merit of rapid microwave assisted Pechini Gel synthesis had less to do with the 

originally hypothesized benefit of achieving fine nano-particles to enhance particle free surface 

energy for consolidation40. More so the benefits were from its speed and versatility for tuning the 

chelation of the ammonium molybdate/vanadate precursors by adjusting the ratio of dissolved 

metal cations to citric acid: ethylene glycol, known as chelation ratio. Owing to the microwave 

incorporation, the achievable yield of samples per week readily exceeded that of hot-plate 
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synthesis owing to the heating process requiring less than half an hour to proceed compared to the 

multi-hour to overnight drying process needed on the plate. The ashing process was accomplished 

via the microwave heating rapidly dehydrating the sol from the inside out, rather than heating 

limited to surface conduction and internal convection of the beakers41.     

 

 

Figure 2: Calcination XRD results and approximate phase wt%s of a) of 800 oC 8hrs for (1:1.5:3) 
and Reduction at b) 800 oC 2hrs, c) 1150 oC 2hrs. Phase bubbles for spatial representation of peaks 
and not to scale. 
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Figure 3: Calcination XRD results and approximate phase wt%s of a) of 800 oC 6hrs for (1:1.5:3) 
and Reduction at b) 1000 oC 12hrs, c) 1150 oC 12hrs. 
 

 

Figure 4: Calcination XRD results and approximate phase wt%s of a) of 700 oC for (1:1.5:3) and 
Reduction at b) 1000 oC 12hrs, c) 1150 oC 12hrs d) 1250 oC 12hrs. 
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The first hurdle of achieving phase purity was how to achieve double perovskite observable 

in x-ray diffraction with our new technique relative to conventional hot plate ashing. The first 

observation was that reduction temperatures of 800 oC – 1000 oC of these powders still produced 

a mixture of single perovskites. The appearance of double perovskite in tandem with single 

perovskites of strontium vanadate and strontium molybdate indicates insufficient mixing of the B-

site cations. Reduction at 1150 oC and higher but with sufficient dwell time appeared to generate 

majority double perovskite phase, suggesting longer range intergranular transport kinetics rather 

than short range intragranular heterogeneity. Otherwise, an observation of monophase parent 

calcined particles incorporating both vanadate and molybdate in an oxidized strontium lattice 

would manifest. Instead, a consistent mixture of scheelite and pyrochlore that segregates with 

higher temperatures was observed.  

The scheelite-pyrochlore mixture gives indication that the cations are not mixed completely 

upon calcination and are coarser than the reduced phase counterparts. Perhaps the cations only 

segregated at higher calcination temperatures in air due to coarsening. Despite the usually reported 

calcination parameters of gels reported, 700-900 oC are not required for this gel technique, and 

instead 500-550 oC was found appropriate as these particles allow for more readily derived double 

perovskite at lower temperature. Notably the percentage of scheelite increased relative to 

pyrochlore (66 vs 57 wt%) compared to the 800 oC derived sample. The vanadium is either 

incorporated into the scheelite’s lattice, or peak broadening from nano-particulate alters the peak 

refinement phase percentage results. Either way, the improved speed of forming layered double 

perovskite solid solution could be hypothesized as a combination of both nano particulates and 

increased Mo-V mixing within the domains. Attempting to reduce carbonaceous particles at 
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temperatures up to 1150 oC simply yields metal-carbides, as forming gas cannot sufficiently 

remove carbon like an ambient air calcination.  

 

 

Figure 5: Schematic of oxidized phases transforming into their reduced counterparts and the 
distribution of phases observed as they consolidate into the double perovskite phase. 
 

An adjacent discovery was made apparent: the size reduction of calcined parent particles 

upon reduction both via direct observation of microscopy and peak broadening effects. An effect 

no doubt from the loss of lattice oxygen anions, but the promotion of perovskite phases yields 

cubic lattice parameters on the order of 3.98-3.84 Å depending on the ratio of Mo to V cations. 

The lattice parameters are decreasing from the scheelite phase of 5.39, 12.02 Å tetragonal phase. 

Treating the double perovskite 3.916 Å phase as a tetragonal stack of two cubic unit cells to 

account for both b-site cations 7.832 Å is the long axis the 12.02 Å is reduced to, and 5.39 to 3.916 

Å on the short axis. The calculated density of these respective phases manifests the lattice shift; 

4.047 to 4.4539 to 5.436 g/mL for strontium vanadates and 4.692 to 6.1072 g/mL for strontium 

molybdates makes apparent that the total particle size must be decreasing with reduction 
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processing and decreasing asymmetrically from two distinct phases at different rates. This 

shrinkage occurs in at least two steps for the vanadium rich phase pyrochlore and the molybdenum 

rich phase scheelite: Sr2V2O7 > Sr3(VO4)2>SrVO3 >SVMO , SrMoO4>SrMoO3>SVMO. This 

phase recombination and shrinkage was the first suspect for the corresponding lack of densification 

in prior SVMO studies that uniaxially pressed or non-aqueous tape cast scheelite-oxidized particles 

for sintering30,33. The phase recombination that results would break particle-particle contact and 

prevent any significant bulk diffusion upon reduction.  

 

 

Figure 6: Micrographs of (1:1.5:3) scheelite samples undergoing reduction, milling, then sintering.  
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Figure 7: XRD of milled calcined powders to yield protonated molybdate, and corresponding loss 
of double perovskite reduced structure.  
 

 

Figure 8: Low calcination temperature XRD results of SVMO synthesis, a) (1:1.5:3) calcined 500 
oC 6 hours, then Reduced b) 1100 oC 12hrs c) results of calcining gel ashes in reducing atmosphere 
at 1150 oC 12hrs.   
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Many of the CA EG 1:1.5:3 observed parent particles appear as enlarged agglomerates with 

open porosity. Although the benefit of lower calcination temperature towards realizing phase 

purity and nanoparticle growth is obvious for this technique, the production of reduced double 

perovskite phase particles that are uniformly packable cannot be arbitrarily derived from any given 

chelation ratio. Simply grinding the particles more thoroughly by ball milling in water does break 

up agglomerates but yields no appreciable change in density, while introducing additional scheelite 

contamination. Ball milling the calcined scheelite instead forms a molybdenum oxide phase that 

appears to block SVMO from forming due to blocked oxygen and vanadium transport. An 

observation of the pyrochlore transforming to vanadium perovskite while scheelite remained 

dominant demonstrated the chemical instability of molybdenum rich phases while emphasizing 

the importance of SMO-SVO mixing kinetics to achieve double perovskite phase.  

 

Table 1: Sintered Density and wt% phases of powder phases prior to sintering for first SVMO 
processing study. Weight percentages obtained through JADE Reitveld refinement and subject to 
error below 5 wt% per low concentration phases. 

Synthesis Sample of 
(1:1.5:3) 

Sintering 
temperature 
and time 

Sintered 
Density  
 
 
 

Scheelite 
(wt%)  

Sr2V2O7 
(wt%) 

Mo  
(wt%)  

SrMoO3 
(wt%)  

SrVO3 
(wt%) 

Sr3(VO4)2 

(wt%) 
SVMO 
(wt%) 

Calc 800 oC 8 hrs 1200 oC 2hrs 55.3 % 61.0  39.0 0 0 0 0 0 

Calc 800 oC 8 hrs  
Reduced 800 oC 2hrs  

1200 oC 2hrs 55.1% 40.5 0 0 20.3 25.6 13.6 0 

Calc 800 oC 8hrs  
Reduced 1150 oC 2hrs 

1200 oC 2hrs 64.2% 0 0 1.5 5.5 27.8 0 65.2 

Calc 800 oC 6 hrs  
Reduced 1150 oC 12hrs 

1200 oC 12hrs  63.2% 0 0 1.7 8.2 0 0 89.9 

Calc 700 oC 6hrs  
Reduced 1150 oC 12hrs 

1200 oC 12hrs 65.4% 0 0 1.7 4.8 0 0 93.6 

Calc 500 oC 6hrs  
Reduced 1100 oC 2hrs 

1200 oC 12hrs 57.0% 0 0 0.8 0 0 0 99.2 

Calc 500 oC 6hrs  
Reduced 1100 oC 2hrs 

1300 oC 12hrs 59.3% 0 0 0.8 0 0 0 99.2 

Calc 500 oC 6hrs  
Reduced 1100 oC 2hrs 
Milled H2O Flash 
Frozen 

1200 oC 12hrs  49.8% 30.5 0 0 0 0 0 69.5 
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Phase Two Design of Microstructure Experiments 

Two important synthesis and processing control variables to investigate both particle 

packing density and phase purity to achieve high density samples were chosen as chelation ratio 

and reduction temperature respectively. Prior literature or existing sol-gel models merely provided 

starting points to test hypotheses of what ratios could be effective for homogenizing cations in 

solution during microwave synthesis.  

 

 

Figure 9: Flow chart of the Pechini Gel configuration in microwave to generate SVMO phase 
particles for follow up grinding and sintering.   
 

The rationale for controlling citric acid-ethylene glycol ratio was as follows: how much 

citric acid  for chelating and surrounding the metal cation precursors as nucleation sites, and how 

much ethylene glycol is needed to bridge surrounding nucleation sites together for a stable 

polymeric ash with no major cation segregation. The temperatures of 950 oC to 1100 oC to 1250 

oC were selected for reduction as this range of temperatures was where SVMO started to form and 

dominate but still low enough to prevent coarsening of particles prior to the sintering stage. A 
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constant sintering and calcination temperature of 1300 oC and 550 oC were chosen respectively. 

1300 oC for 12 hours was initially selected to maintain consistency for comparison across literature 

and minimize effects from cation volatilization at higher temperature. A 2 hour sintering run was 

performed complementary to the 12 hours run to account for densification rate changes or mass 

loss that may go unwitnessed. The sintering was performed in inert atmosphere rather than 

reducing atmosphere of the prior study, as it was discovered the latter severely restricts sintering 

at identical temperatures. An intermediate grinding step to remove higher carbon masses for some 

CA:EG ratios was needed. Many samples with lower carbon content did not need extra grinding; 

but the highest masses did, therefore a fair sample comparison was made by maintaining identical 

time, grinding steps, and temperatures.  

Milling was introduced to eliminate the potential that hand-grinding was insufficient for 

breaking up large >10 micron sized particles left over from the reduction reaction, the rate of 

sintering increased as a result of milling thanks to the greater free surface energy of particulate. 

Milling also needed to take place in ethanol rather than water due to the reactivity of the 

molybdenum phases to form scheelite (Table 1). Scheelite milling was not an option prior to the 

reducing step, as shown in Figure 7. The milling process led to important; yet unexpected, 

discoveries that bettered understanding of the SVMO microstructural system.  

Effect of Processing Variables and Bulk Particle Behavior Elucidation 

The first discovery was a 5-15 wt% scheelite impurity forms after milling in ethanol for 48 

hours, but this impurity despite prior assumptions of being a bulk diffusion barrier did not stop 

samples with good double perovskite content from sintering to 78-83 % relative density. The mass 

loss after the first 2 hours of sintering makes apparent (relative to the 12 hours sintered average 

pellets) that there is little progressive loss of mass over time, which would make sense if the 
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scheelite minority phase reduces at high temperature while relieving lattice oxygen early in the 

sintering stage. What was unclear across subsequent experiments was for some 12 hour samples 

their mass increased, implicating constant gain at a slower rate than the initial mass loss. 

 

Table 2: Each variation of 27 SVMO samples reduced and milled expressed as phase wt% of 
corresponding oxides, mass loss, green density, sintered density for 2 hrs dwell, 12 hrs dwell. Note 
mass loss is initially normalized to a pellet within 5 mg of 200 mg average pellet. 
Synthesis  
M+:CA:EG 
Reduction 
Temp 

Scheelite 
 (wt%)  

Molybdenum 
(wt%)  

SrMoO3 
(wt%)  

SVMO 
(wt%) 

SVMO 
(Å)  

Green 
Density 
(%) 

1300 oC 
Sintered 
Density 2hrs 
(%) 

Mass 
loss 
(mg) 

1300 oC 
Sintered 
Density 
12hrs (%) 

Mass 
loss 
(mg) 

1:1:2 950 oC 15.4 2.2 14.0 68.3 3.8910 63.4 64.2 11.6 78.1 11.0 

1:2:2 950 oC 14.6 2.2 21.3 61.8 3.8873 62.1 61.0 10.0 64.2 9.8 

1:3:2 950 oC 14.2 2.3 14.6 68.9 3.8899 62.6 64.7 10.8 73.5 10.1 

1:1:5 950 oC 15.5 2.3 20.1 62.1 3.8830 62.6 61.5 10.5 62.9 10.6 

1:2:5 950 oC  14.5 2.2 15.6 67.7 3.8886 61.4 66.0 11.6 72.8 13.1 

1:3:5 950 oC  14.4 2.3 20.1 63.1 3.8838 63.5 62.7 9.9 65.6 9.7 

1:1:8 950 oC 15.3 2.0 15.5 67.2 3.8878 63.8 65.8 10.9 74.7 10.5 

1:2:8 950 oC  15.8 2.8 26.7 54.7 3.8806 61.3 60.4 11.4 61.7 10.4 

1:3:8 950 oC 12.5 2.0 18.5 67.0 3.8902 62.8 65.6 10.5 76.6 8.6 

1:1:2 1100 oC  12.5 2.8 0 84.7 3.9043 65.3 72.0 10.6 82.4 10.6 

1:2:2 1100 oC  8.8 2.7 0 88.5 3.9017 64.2 66.8 10.7 74.4 11.3 

1:3:2 1100 oC 12.0 2.5 4.8 80.7 3.9004 65.1 64.2 9.3 65.7 11.1 

1:1:5 1100 oC  10.5 2.4 3.7 83.4 3.9001 64.5 72.4 10.7 81.1 11.6 

1:2:5 1100 oC 13.2 3.1 2.1 81.6 3.9003 61.2 68.6 11.3 78.3 12.2 

1:3:5 1100 oC  9.8 2.8 3.2 84.2 3.9022 62.6 65.7 11.5 73.8 11.5 

1:1:8 1100 oC 13.0 2.5 11.5 73.0 3.9109 64.8 71.1 9.6 83.0 10.9 

1:2:8 1100 oC  11.2 2.7 3.2 82.9 3.8978 61.5 65.1 11.5 69.5 11.1 

1:3:8 1100 oC 15.7 2.3 4.0 78.0 3.8990 64.1 69.9 10.5 80.5 8.7 

1:1:2 1250 oC  5.3 1.9 0 92.8 3.9187 65.0 70.5 10.4 76.5 11.9 

1:2:2 1250 oC 7.8 2.4 0 89.8 3.9164 64.5 64.7 10.2 72.3 10.9 

1:3:2 1250 oC  4.2 2.7 0 93.1 3.9170 64.6 73.1 10.4 80.8 13.7 

1:1:5 1250 oC 8.9 2.1 0 89.0 3.9125 63.4 73.1 10.5 79.0 11.9 

1:2:5 1250 oC  6.9 2.6 0 90.4 3.9177 63.4 71.6 10.5 78.5 12.0 

1:3:5 1250 oC  8.9 2.5 0 88.6 3.9176 65.8 68.9 10.1 75.9 9.6 

1:1:8 1250 oC 5.9 2.7 0 91.5 3.9178 63.2 71.3 11.2 79.4 12.5 

1:2:8 1250 oC 8.6 2.6 0 88.8 3.9164 64.2 70.5 10.2 77.2 10.0 

1:3:8 1250 oC  9.1 4.9 0 85.9 3.9109 66.0 73.5 10.8 83.2 11.6 
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Figure 10: Micrographs of sintered structures of 27 SVMO samples polished cross sections. All 
samples milled and pressed 500 MPa, sintered at 1300 oC 12hrs Ar. 
 

Although packing density can improve from the range of 55-60 % to 60-65% with the fully 

milled powders, the range of sintered densities was substantially wider. Any two samples with 

packing density near 64% could have as much as a 15% difference in sintered density. Samples 

with poor densification performance often open up porosity down to below 60% after 2 hours 

before rising back to near their green density, while samples with greater sintered density tended 

to breach the low 70s in 2 hours and finally increase 10% after an extra 10 hours. The steady march 

of cations towards densification was paramount, but the density poor samples cannot be solely 

blamed on the scheelite reducing as it is present in all other samples. Given strong correlation with 

single perovskite content, it is more likely that the consolidation of single perovskites to each other 

and SVMO particles is what drives the anisotropic diffusion and subsequent opening of porosity 

when sintering. The observed disconnect of packing density from sintered density demonstrates 
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that to obtain a high-density structure, one must look past simply forcing the particles to be tightly 

intermingled.  

 

 

Figure 11: Schematics, XRD and SEM/EDX demonstrating the actions of SVMO-SMO diffusion 
within high porosity samples by both: consolidating to open up porosity and diffusion in the 
strontium oxide perovskite lattice. Image sizes 20 x 20 μm. 
 

Table 3: Sintered density of various SVMO samples under Reducing atmosphere vs Inert. 

Synthesis  
M+:CA:EG 
Reduction Temperature 

1300 oC Sintered Density 12hrs (%) Forming Gas 
(5% H2 95% N2) 

1300 oC Sintered Density 
12hrs (%) Inert (N2)  

1:1:5 Red 1100 oC 62.8 81.1 

1:1:5 Red 1250 oC 62.3 79.0 

1:3:5 Red 1100 oC  60.6 73.8 

1:3:5 Red 1250 oC 66.5 75.9 

1:1:8 Red 1100 oC 63.9 83.0 

1:1:8 Red 1250 oC  62.1 79.4 

1:3:8 Red 1100 oC  63.5 80.5  

1:3:8 Red 1250 oC 67.8 83.2 
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The effect of reduction temperature seemed to change the starting green powder and the 

sintered phases present. The evaluation of (1:3:2) and (1:2:8) samples demonstrated a clear 

preference for ~2 wt% molybdenum phase to form, and appearance of  SrMo5O8 when reduced at 

950 oC. A general preference observed via EDX of these molybdenum phases occur as surface 

limited agglomerates on the bulk microstructure (Figure 11). At these concentrations it is 

reasonable to claim the molybdenum does not percolate the bulk and was not responsible for prior 

literature’s high metallic conductivity.  Perhaps what became a more profound result; was the 

impact of sintering atmosphere on the SVMO particles. Conventional wisdom would suggest 

keeping oxygen partial pressure low as possible for valences as low an oxidation state as possible. 

Any possible oxygen introduction could form surface scheelite that halts diffusion; after all, it 

needed a reducing atmosphere to reach that point to begin with. However, a reducing atmosphere 

diminished densification by at least -10% even with samples that were optimized for densification 

from milled powders. Worse yet the barrier to diffusion increased to -20% as samples with 98% 

SVMO particle purity were utilized later on (Table 5), so the issue is likely inherent to the double 

perovskite.  

Experimental Matrix Validation and Nuance of Phase Contribution 

Table 4: Density measurements of comparable green state samples and their milled counterparts 
of the 2nd study plus the 1:1:11, 1:3:11 samples. 

Synthesis  
M+:CA:EG 
Reduction Temperature 

Starting density (Green)  Mass loss (mg) 1300 oC Sintered Density 12hrs (%) Inert (N2)  

1:1:11 Red 1100 oC  66.7 9.8 82.3 

1:1:8 Red 1100 oC 64.9 9.5 83.2 

1:3:11 Red 1175 oC  
hand ground 

59.1 -4.4 67.6 

1:3:11 Red 1175 oC hand 
ground 2nd sinter 

67.6 1.8 80.6 

1:3:11 Red 1175 oC  
EtOH Milled 

60.8  13.2 86.7 

1:3:11 Red 1175 oC 
EtOH Milled 2nd sinter  

86.7 -0.8 87.4 
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Figure 12: a) Schematic to show how milling does not necessarily increase packing density but 
can increase the rate of densification. b) FESEM Micrographs of unmilled, milled green and 
sintered counterparts of pellet surfaces from 1:3:11 experiments.  
 

The choice of ideal chelation ratio led to a specific finding as far as what is ideal for high 

density powders. With a minor exception of low citric acid : ethylene glycol ratio contents, 

increasing CA:EG to the larger magnitudes are what benefited powder consolidation most. The 

only samples notably less effective were those with a citric acid content 1:2, but others were able 

to reach to high 70s and low 80s provided reducing temperature was also ideal. To ascertain 

whether this trend continues, samples of 1:1:11 and 1:3:11 were produced to compare to 1:1:8 and 

1:3:8. The results of each are comparable with only a minor edge in density; meaning extra 

ethylene glycol content likely reaches an asymptote in density improvement. 

The 1:3:11 sample powder reduced at 1175 oC did shed light on another effect that was not 

entirely clear: the grinding process has almost no effect on green packing density, both are 59-60% 

in their green state. Yet the final sintered density was advantageous to the milled powders, despite 

scheelite formation and the mass loss from its reduction and absorption into the SVMO lattice 

during sintering. The generation of nanoparticles significantly speeds up the consolidation of 
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SVMO but does not mean necessarily that bulk 1-5 micron sized particles cannot consolidate. It 

was verified they need a significantly greater length of time to sinter, by reintroducing the same 

pellets to the same sintering parameters. The milled powder pellets barely increased in density, but 

the unmilled powder pellets increased as much as 12% from their first run. An inherent diffusion 

barrier that cannot be overcome at 1300 oC serves as another indicator that this material can be 

highly resilient to coarsening effects.    

 

Figure 13: Comparison of diffractograms for comparable samples of 1:2:8, 1:3:2 at all reduction 
temperatures, for both before (left-EtOH milled) and after sintering (right-1300 oC 12hrs Ar). 
 

After continuous observations of SVMO consolidation as the dominant phase at high 

temperature from the 27 sample set, an objection may ensue regarding the thermodynamic 

preference of double perovskite over single perovskites. In Figure 13 a series of studied samples 

demonstrated how regardless of impurity phases, all samples stabilized to double perovskite at 

1300 oC sintering, plus a small quantity of molybdenum metal segregation. Do the particles always 

consolidate from single perovskite to double perovskite, or was that a masqueraded effect of a 
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dominant mixture of SVMO particles that absorb the single perovskites at a particular temperature 

range in a short enough time frame? Given the opportunity, would the material settle back to single 

perovskites from the instability of double perovskite, or with a different mixture would remain as 

single perovskites? To demonstrate that the bulk SVMO phase is not just absorbing the SVO and 

SMO separately, two bulk powders of SVO and SMO were synthesized with identical 1:1:8 

CA:EG ratios and 1100 oC reduction temperatures. The phases were ball milled in equal mol 

proportions and sintered both as single perovskite samples and as a solid-state particle mixture of 

both to determine how effectively SVO-SMO directly diffuse into each other.  

.  

 

 

Figure 14: Illustration of the SVO-SMO diffusion dynamic that opens up porosity from two single 
phase particles being mixed and sintered.  
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Originally this experiment was designed under the assumption that a double perovskite 

solid-solution is preferred, so as to take advantage of the consolidation to form a dense pellet. The 

results confirmed SVMO’s thermodynamic stability regardless of vanadium-molybdenum 

separation. Far more illuminating though, was the isolated SVO and SMO powders sintered to 

higher density (14% more) than the SVMO generated sample despite prior literature experiments 

needing 1500 oC to densify the single perovskites.16,43,44  In the SVMO the only oxidized impurity 

apparent after milling was SMO’s scheelite, no bulk vanadium oxide impurity phase was readily 

apparent before or after sintering. The lack of densification of the SVO-SMO mixture hinted at the 

theory that consolidation of the SVO and SMO is the main cause of porosity opening up within 

the sample for solid-solutions of perovskite phases, rather than scheelite impurity. If the scheelite 

was the only phase responsible for this behavior, the  milled and sintered SMO of 40wt% scheelite  

would not have had densified 9.2% greater than the SVMO mixture, compared to the mixed 

perovskite sintered having 3.5 wt% scheelite.  

A major fear to experimental validity was perhaps the ethanol drying process allowed too 

much settling of the oxide particle mixture. If the phases are settled apart after drying, would the 

anisotropic consolidation of single perovskites in the bulk have more to do with SVO-SMO nearest 

neighbor particle contact not being geometrically isotropic? Could it also be that a vanadium 

contaminate phase might show up if it were simply milled for a longer time period?  

To address these fears the milled powders were re-milled in tertiary butyl alcohol(TBA) so 

they could undergo a process called flash-freeze drying: using liquid nitrogen to freeze the milled 

particles while they are still dispersed, then freeze dried to sublime solidified TBA solvent. This 

way any relative density difference between the powders would not cause phases to separate out 

gravimetrically; a process utilized for solid-state synthesis optimization became useful for studying 
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single perovskite mixes. TBA needed to be used since ethanol cannot be freeze dried under a 

roughing vacuum. An advantage of TBA is its higher freezing temperature compared to water (25 

oC), which means the flash freezing process should happen much faster to help entrap particles. 

Unexpectedly, the flash-freeze drying had no improvement in final sintered density whatsoever, 

and green density was still the same as sintered density. The only thing that changed was the 

scheelite impurity increased to 9.4 wt% in the sintered SVMO product with no additional impurity 

phases witnessed from the vanadium oxide. Across the spectrum of SVMO samples, the settling 

of various phases during milling could not have been responsible for the generation of open 

porosity, and the SMO rich phases are less stable than SVO reduced phases.  

 

 

Figure 15: XRD of each perovskite mixture and corresponding density (SVO only not presently 
measured) for both ethanol milled and flash-freeze-dried sintered.  
 

If one drawback to the resilience of SVMO to coarsening exists, it is the reality that 

achieving high density requires high temperatures. The best results are from 1:1:11 samples 

achieving low 90s at a two-stage sintering parameter that first peaks at 1450 oC then dwells at 1350 
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oC for 12 hours. No SVMO sample to date has broken past 93% relative density at temperatures 

below 1450 oC. These results indicate SVMO’s true sintering temperature is far above that of 

similar double perovskite materials’ characteristic sintering range of 1200-1300 oC and is closer 

to the sintering parameters needed for LSGM electrolyte perovskites but in a neutral atmosphere45. 

Fortunately, in the case of fuel cell electrodes this demand is not absolutely critical for processing 

provided a dense ionically conducting membrane could be fabricated to co-sinter beforehand.  

 

Table 5: Recent high temperature sintering density results for both 1450 -1350 oC and 1500 – 1390 
oC results of milled and annealed powders. Includes some 1300 oC sintering results including the 
SVO – SMO mix and standalone single perovskite experiments. 

Synthesis  
M+:CA:EG 
Reduction Temperature 

Starting density (Green)  Mass loss 
(mg) 

Sintering Conditions Sintering Density   

1:1:8 Red 1100 oC 
SVO-SMO Mix Milled  

58.8 4.8 1300 oC 12 hrs dwell, inert gas flow 64.4 

1:1:8 Red 1100 oC 
SVO-SMO freeze dried 

65.2 5.7 1300 oC 12 hrs dwell, inert gas flow 65.8 

1:1:11 Red 1100 oC 
Milled  

65.5  10.7 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

94.0 

1:3:8 Red 1100 oC 
Milled 

64.2 10.8 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

91.2 

1:3:2 950 oC Annealed 
1300 oC hand ground 

69.6 
 

0.6 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

77.6 
 

1:3:2 1250 oC Annealed 
1300 oC hand ground 

70.0 
 

1.0 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

89.1 
 

1:2:8 950 oC Annealed 
1300 oC hand ground 

67.1 2.2 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

71.8 

1:2:8 1250 oC Annealed 
1300 oC hand ground 

69.3 -0.1 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

88.1 

1:1:5 1250 oC Annealed 
1300 oC hand ground  

69.3 -0.4 1450 oC ramp peak then dwell at 
1350 oC 12 hrs, inert gas flow 

88.4 

1:3:2 1250 oC Annealed 
1300 oC hand ground 

70 -0.3 1500 oC ramp peak then dwell at 
1390 oC 12 hrs, inert gas flow 

87.9 

1:1:5 1250 oC Annealed 
1300 oC hand ground 

69 -0.2 1500 oC ramp peak then dwell at 
1390 oC 12 hrs, inert gas flow 

88.8 

1:3:2 1250 oC Annealed 
1300 oC hand ground 

70 1.1 1500 oC ramp peak then dwell at 
1390 oC 12 hrs, forming gas flow 

71.4 

1:1:5 1250 oC Annealed 
1300 oC hand ground 

69 1.0 1500 oC ramp peak then dwell at 
1390 oC 12 hrs, forming gas flow 

69.6 
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Finesse of Experimental Matrix vs Powder Purity and Density  

The last objection to this methodology: if the SVMO is the thermodynamically preferred 

phase, then would the processing conditions be arbitrary if reduced samples heat treated 

analogously to the same sintering conditions at 1300 oC for 12 hours to achieve pure SVMO.  That 

if ground, pressed and sintered after this ‘annealing’ process at higher temperature without any 

exposure to solvents a high purity and packing density would more effectively consolidate? 

 

 

Figure 16:  Illustration of the annealing method to show how inert atmosphere formation of SVMO 
phase can be leveraged across multiple samples.  
 

Although it is true the SVMO particles will eventually reach the same purity by brute force 

annealing, the sintering result is not completely arbitrary. To explain: an experiment where several 

powders of widely varying densities (950 and 1250 oC samples in Figure 13) as a result of SMO-

SVMO concentration variation were annealed using typical sintering conditions of 1300 oC for 12 

hours. These samples were compared for their sintered densities, then ground dry by mortar and 

pestle for a repress. As shown at the end of Table 5, annealed product sintered at 1450 oC - 1350 
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oC demonstrate green density improvement over the standard method of milling processing to 66-

69% density for every sample. But the 1:2:8 and 1:3:2 samples reduced at 950 oC were inferior to 

their 1250 oC reduction counterparts and the 1:2:8 was still 8% lower than the 1:3:2. Although it 

is true that all the 1250 oC processed samples achieved 86-88% relative density, this does not 

change that:  

a) an additional processing step was introduced to achieve less favorable or comparable results to 

the optimal milled powder densities anyway 

b) perhaps it may improve overall density if dry milled or a non-reactive solvent were used, but 

that would be redundant with using the ethanol milling approach.   

c) it was clear by comparing the low reduction temperature samples that SVMO phase purity is 

independent of density, and even those samples with different CA:EG ratios need different lengths 

of time and temperature reducing to achieve the ideal final density.  

d) the continuity of SVMO double perovskite phase from annealing still not being identical in 

density declares an additional unknown process in the particles that prevent diffusion at the same 

rate as samples reduced at 1250 oC.  

Curiously, a run that increased the two stage sintering temperature parameters to 1500 oC 

peak then dwell at 1390 oC had no discernable effect on density of annealed samples but reducing 

conditions did limit sintering to 70% or lower. This experiment revealed that the mass loss of 

pellets was 1wt% or less for annealed samples after the sintering. The fact that across the spectrum 

milled SVMO loses 10x more mass in the first 2 hours of sintering at 1300 oC compared to 1450-

1350 oC for 12 hours of sintering pure SVMO demonstrates the stability of the phase to any long 

term molybdenum volatilization regardless of sintering atmosphere.  
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Different recipes finish becoming phase pure SVMO sooner than others based on this 

experiment. I.e., the use of brute force 1250 oC 12 hour forming gas and 1300 oC 12 hour neutral 

atmosphere may achieve over 70% relative density, but electrical power and time may be wasted 

compared to if an optimal ratio is reduced and annealed just the right amount to achieve effective 

consolidation. Our empirically derived understanding of the SVMO synthesis system achieved 

several facile routes towards achieving porous or dense microstructure as desired. .  

Conclusions 

The determination from this experimental optimization of SVMO was that great care must 

be taken to keep respective multivalent vanadium and molybdenum cations intermixed. SVMO 

requires a specific set of processing temperatures and atmospheres to both remove excess carbon, 

reduce the oxides fully, then allow for the complete homogenization of vanadium and 

molybdenum under inert sintering conditions at higher temperatures relative to other >100 S/cm 

electrically conducting mixed ionic electronic conducting double perovskites.  Even a facile 

microwave assisted Pechini Gel synthesis requires accounting for the immiscibility of these 

specific strontium vanadate and strontium molybdate compounds to minimize the amount of 

energy spent to generate a final double perovskite electrode material. From this work several 

important realizations about SVMO bulk manufacturability as a prospective electrocatalyst are 

gleaned, and prior assumptions challenged:  

 When working to solution synthesize multivalent double perovskites it is advised to pay 

close attention to the B-site intermediates formed upon calcination. The segregation of 

oxidized phases will determine early on how little energy may be needed to form the final 

double perovskite structure, and where segregation of metal oxides persists.  
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 Scheelite draws concern as a catalytically poisonous source of charge transport impedance, 

but it certainly is not a major detriment to densification on its own. The volatilization of 

scheelite phase may be present too, but the SVMO phase in of itself does not lose mass 

significantly as previously suspected at sintering temperatures. 

 Though many of the problems facing densification come from optimizing cation mixing, 

the true nature of bulk diffusion in this V/Mo system requires substantially higher 

temperatures to process than what most MIEC relevant double perovskites with 1200 oC – 

1300 oC require. Generation of nano particulate can aid sintering speed but not the absolute 

magnitude of density at too low of a temperature.  

 The instability of conductive strontium molybdate perovskites was greater than the SVO 

phases. The redox stability of the vanadium may be just as important as its contribution to 

the impressive >1000 S/cm conduction in porous membranes that are resilient to 

coarsening thanks to SVMO’s  >1500 oC melting temperature.    

With those lessons learned, questions remain about the nature of SVMO bulk particle 

diffusion. The comparison of reground 1300 oC and high temperature sintering demonstrates a 

remarkable sensitivity to the specific reducing and initial mixing conditions such that even with a 

dominate double perovskite phase and equivalent packing density the particle to particle diffusion 

mechanics will not be the same. It remains to be determined in our subsequent study whether the 

specific bulk properties responsible for this change is due to either grain to grain microstructure or 

lattice chemistry via higher resolution XRD and XPS characterization with potential 

microstructure elemental mapping of grain interfaces and interiors.  

That being said, simplified processing routes for the use of >90% density bulk densification 

of SVMO have been demonstrated, and now ready for studying the effect of multivalency on 
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conductivity and catalytic behaviors in electrochemical cell systems. For now, this study shall 

serve as bedrock for the microstructural manipulation of SVMO for both porous and dense 

membrane studies. Our follow up article should be helpful for elucidating mechanisms of both 

diffusion inhibition, and processing atmosphere and temperatures direct effect on SVMO’s solid-

state properties. 

Methods 

First, precursors of Pechini synthesis: NH4VO3 (Alfa Aesar lot X29E015) , (NH4)6 Mo7O24 

4H2O (Alfa Aesar lot 10221756), Sr(NO3)2 (Alfa Aesar lot R22E047) , Citric Acid (anhydrous, 

Fisher Chemical lot 185802 ), Ethylene Glycol ( Fisher Chemical lot 189287) obtained for solution 

synthesis were weighed out on a Sartorius CPA225D Analytical balance and utilized for 10 gram 

batch equivalents of final SVMO double perovskite oxide powder. A comparable method for 

controlling complexing and nucleation of polymer gel powders in other studies utilized formula of 

mols of total metal cations (Sr2+ + V5+ + Mo6+ mols “M+” ) as a ratio to citric acid mols and to 

ethylene glycol mols (M+:CA:EG). Each mixture was first added via appropriately weighed 

amounts of metal cation precursors in the order of Sr(NO3)2, NH4VO3, (NH4)6Mo7O24 4H2O, to 

150 mL DI water with extra rinsing into containers. Solution is heated on hot plate to target 

temperature 70 oC with the addition of citric acid, when the target is reached ethylene glycol is 

added and solution is heated to 80 oC while stirring vigorously. A cleaned microwave with inner 

glass plate is prepared and sample beaker was transferred to the microwave interior following 

removal of thermometer and stir bar. The conventional microwave (1200 W, Panasonic inverter 

nn-sa651) set to maximum power settings with no rotation speed alterations for 25 minutes to heat 

the sol-gel. After the initial heating phase was completed the foamed-ashes from microwaving 

were hand ground then transferred to alumina crucible 3.8in x 1.6in and covered with alumina 
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plates (2 x 2in x1mm) for calcination in Box furnace Thermolyne MTI 48000 muffle furnace.  For 

the first study, a ratio of (1:1.5:3) was utilized. Synthesis took place in 20 gram batch increments. 

Calcination temperatures were varied from 500, 700, 800, and 900 oC for calcination of 

microwaved ashes, and reduction temperature was varied from 600 oC through to 1150 oC for 

several of these tested calcination parameters to assess how sintering could be aided by minimizing 

particle coarsening while still achieving phase purity.  

To determine optimum mixing of cations to form double perovskite; a series of 9 different 

ratios were used: (1:1:2), (1:1:5), (1:1:8), (1:2:2), (1:2:5), (1:2:8), (1:3:2), (1:3:5), (1:3:8). All heat 

treatments were performed at ramp rates up and down to and from target temperatures of 4 oC per 

minute unless otherwise mentioned. Target temperature of 550 oC calcination for 10 hours dwell 

was conducted on each sample, and the products were ground with mortar and pestle and replaced 

into furnace for an additional round of calcining for thorough carbon removal and oxide formation 

(2x 10hr dwells at 550 oC with intermediate grinding step). Final calcined coarse powders appeared 

as light-yellow color, which were uniaxially pressed (Carver Hydraulic unit model #3912) at 250 

MPa in ¾ in pellets to constrain powder size uniformly for the tube furnace reduction stage. 

3x2gram pellets of calcined powders were arranged in tube furnace platen for reduction. MTI GSL 

1500X 37mm ID alumina tube set with 0.5 SCFH forming gas flow (5% H2, 95% N2) ramps to 3 

different temperatures to assess range of oxidized to reduced phase formation. (950 oC, 1100 oC, 

1250 oC) and each complexing ratio was tested at each temperature for a total of 27 samples 

reduced in 6 gram calcined powder batches for initial test points.   

 The reduced pellets were then ground by mortar and pestle and either in early studies saved 

for sintering study experiments or for the 27 sample set sent to the ball milling stage grinding. 

Mixed in 200 mL HDPE containers with pure ethanol (200 proof) and (~450 grams) milling 
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stabilized zirconia media were set for 60 rpm milling with 3wt % KD-1 organic solvent oxide 

dispersant. The milling process took place for 46 hours each sample, then ethanol-powder slurry 

was poured through sieve onto a silicone coated sheet of 70 µm thick mylar to evaporate ethanol 

slurry medium. Dried powders were then scraped into mortar and pestle for thorough mixing 

before pressing for sintering. ¼ in pellets were each sintered in sets of 3 per sample pressed at 500 

MPa and stacked between sheets of alumina substrate for all 27 samples for arrangement in the 

MTI GSL 1500X tube furnace. Sintering temperature and atmosphere unless otherwise mentioned 

took place at 1300 oC in (0.5 SCFH) N2 for 12 hours of dwelling. 

Comparison of single perovskite mixtures took place with equal calculated mol portions of 

reduced pellet Sr0.95VO3 and Sr0.95MoO3 milled together in ethanol while remaining single 

perovskites were milled separately. For direct comparison. To perform the particle settling study, 

ethanol milled single perovskite mixture was remilled for 24 hours in tertiary butyl alcohol and 

flash frozen with LN2 for immediate transfer to freeze drying at -30 oC to 45 oC for 48 hours. 

These samples were all extracted, pressed and sintered identically to the usual SVMO samples. 

Density Measurements 

Green densities and sintered densities were both measured using simple geometric and 

mass measurement due to the symmetrical shapes of the sintered ¼ in pellets. Length 

measurements were taken with micrometer and mass measurements with Sartorius CPA225D 

analytical balance.  

X-ray Diffraction Pattern Measurements 

SCINTAG X1 powder diffractometer was used to characterize all powder samples, using 

Cu Kα (1.54059 angstroms) over 2θ range 10o – 80o. Sintered samples and reduced samples were 
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ground by mortar and pestle prior to loading in for analysis. JADE WPF refinement was utilized 

for comparing primary double perovskite to secondary peak intensities within each sample. 

Field Emission Scanning Electron Microscopy 

ZEISS SUPRA 55VP secondary electron field emission microscope was utilized for 

microstructural imaging of final sintered samples at 10 keV for 250x-25000x per each cross 

sectioned sample. Bruker detector equipped EDX analysis took place in a Physical electronics PHI 

710 apparatus for elemental distribution analysis. Cross sectioning analysis required epoxy coating 

(Ted Pella PELCO epoxy) of pellet, subsequent fracture upon curing, then polishing with 240-

1200 grit sandpaper followed with 300nm Al2O3 polish. Cross sectioning takes place unless 

otherwise mentioned, fracture surface and pellet surface are mentioned as needed.  
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MULTIVALENT PEROVSKITE DIFFUSION SENSITIVITY TO SINTERING 

ATMOSPHERE AND BOND STIFFNESS 

Abstract 

 The novel mixed conducting double perovskite Sr2-xVMoO6 has shown promise as an 

electrode material for a wide range of electrochemical systems. Owing to the metallic like 

conductivity of the oxide exceeding 1000 S/cm, its potential to be used as both a conductive 

catalyst and current collector in one system is hindered by an incomplete understanding of how to 

consolidate the bulk microstructure of the material. Various literature sources derive different 

properties owing to changes in processing conditions, and this obfuscates understanding of how 

this double perovskite may be manipulated for applications. Most notable is the drastic change in 

sintering character compared to other perovskites of similar nature, and it was found the high 

temperature diffusion under reducing atmosphere is greatly diminished compared to inert 

conditions. In this study, as a follow up to a part 1 series that evaluated phase formation and 

sintering optimization, the mechanisms driving the difficulty of sintering were addressed by 

comparing XPS measured oxidation and indentation modulus Ein to elucidate how oxidation state 

changes drive shifts in bonding character within the same perovskite Pm-3m lattice. Modulus 

measurements in excess of 250 GPa up to 300 GPa averages were determined to be far above that 

of comparable perovskites. A possible Sr – O bond covalency was discovered after processing 

above 1400 oC in reducing atmosphere along with lower oxidation states of Mo 3d and V 2p 

spectra. The observed changes in conjunction with known electrical conductivity suggest a novel 

bonding character that is both highly covalent and conductive within the double perovskite 

structure.  
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Introduction  

A versatile set of materials such as the perovskite oxide family typically end up precluded 

or included for materials engineering applications due to the prevalence of one outstanding 

property at the expense of another. Many material utilization constraints revolve around selection 

of properties as a function of electronic and mechanical criteria. Constraints in material property 

selections become readily apparent when dealing with electrochemical cell based applications; 

where composite approaches towards providing mechanical stability, electrical conductivity, ionic 

diffusion, and catalytic potential with spatial selectivity are the most critical factor for consistent 

performance1-4. An otherwise effective oxygen conductor will end up being useless as an electrode 

material if the electrical conductivity and catalytic capability is too low5. 

On that note, it becomes reasonable to assess that the more properties that can be selectively 

incorporated and tuned within a single material system, the less difficult both the manufacturing 

logistics and interface manipulation between multi-component systems becomes. Demand for a 

single material with multi-functional properties is where investigation into the double perovskite 

system A2B’B”O6  has become a promising field of study. The ability to mix multiple cations 

within the same lattice framework gives rise to a myriad of both electrical and catalytic properties 

thanks to a mixture of oxidation states available6. Because doping and reduction can drive the 

evolution of oxygen to form oxygen vacancies, the ability for oxygen ions to conduct through the 

lattice is what has made these perovskites commonly explored as electrocatalysts and selective 

oxygen membranes7-9.  

 

O + B ↔
1

2
O + V•• + 2Bʺ  

(Eq. 1) 
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Charge neutrality is maintained within a given ABO3-δ lattice, but the introduction of the 

vacancy imposes a lattice strain and net positive charge that a cation site must compensate for by 

becoming more negatively charged in turn. This phenomenon is explained by the Goldschmidt 

tolerance factor of the structure given by10-11:  

𝑡 =
𝑟 + 𝑟

2(𝑟 + 𝑟 )
 

(Eq. 2) 

 

where r is the radius of the ions, and the A site, B site, and O2- site are represented respectively. 

So long as the tolerance factor does not become too far away from 1; as far as 0.95 or 1.02, the 

lattice B site octahedra can remain cubic. Given the defect chemistry opportunities; selecting B 

site atoms that can fit inside the BO6 octahedral sites is amplifies selection range. Moreover, the 

greater the amount valence states a given cation can occupy, the greater the level of manipulations 

available to the end user.  

 The opportunities for multi-valent doping in perovskites have spawned heavy research 

focus into Sr2B’MoO6 derived cations, where B’ can be a host of either multivalent transition 

metals, or even alkaline metals like Mg or intermetallic p block elements9. The reason for the B” 

site selection is that the Mo has multiple oxidation states and gives rise to apparent semi-conductor 

level conductivity and respectable oxygen conductivity due to the availability of Mo3+,4+,5+,6+ 

oxidation states12, but only if the B’ cation can accommodate those shifts. At the very least the 

single perovskite SrMoO3 has the highest single crystalline metallic conductivity character of any 

known oxide13, so tapping into that potential conductivity while increasing chemical stability, 

catalytic activity, and oxygen conduction is promising.   
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 Naturally we might expect that a new material of this stoichiometry could be discovered 

that may even boost the effective electrical conductivity higher with substitution of characteristic 

cations. Sr2FeMoO6 and Sr2MgMoO6 while effective as fuel electrodes, usually are a far cry from 

the electrical properties of standalone SrMoO3 (SMO). The double perovskite Sr2VMoO6, 

(SVMO) which has been shown to not only function well as a fuel insensitive solid oxide fuel cell 

electrode likely due to improved catalytic potential of the vanadium oxidation states14-18. SVMO 

also shows an unusually high electrical conductivity, much like its SMO counterpart, with the 

possibility of it being higher as is has been shown to reach 10,000 S/cm but with poorly sintered 

powders19.   

 SVMO’s behavior is further benefited by a simple reduction in strontium cation 

stoichiometry to Sr1.9VMoO6 to increase electrical conductivity by an order of magnitude. A 

spread of oxidation states of vanadium and molybdenum has been observed via in-situ X-ray 

photoelectron spectroscopy rather than discrete cation electronic states more common in double 

perovskites20
 . It may be appropriate to claim that the higher electrical conductivity values observed 

are linked to the greater concentration of lower oxidation state vanadium and molybdenum found 

in the Sr1.9 compared to the Sr2 stoichiometry. A problem arises when examining across the SVMO 

literature where the conductivity values are not consistent, and also that each these studies utilized 

a different approach towards synthesizing and densifying SVMO in polycrystalline microstructure. 

To decipher the mechanisms behind those discrepancies, a powder processing study was needed 

to decide why different publications had different microstructures to begin with before a link to 

valency could be established.  
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 A Part 1 study of SVMO by the author demonstrated that polycrystalline densification 

needed nano-particulate and temperatures exceeding 1400 oC to generate a microstructure with 

minimal porosity exceeding 90%. It was clear that ideal sintering conditions were not only in 

excess of 1500 oC, but that it was next to impossible for any diffusion to be observed in a reducing 

atmosphere vs inert sintering atmosphere.  

This finding was very curious, as at no point any significant change in oxidation should 

have caused net cationic radii of vanadium and molybdenum to increase. Although it has been 

found that for perovskite oxide lattices the oxygen diffusion activation energy is much lower than 

that for cationic diffusion (owing to the oxygen vacancies in place), this reduction process should 

make diffusion in the lattice less restrictive.   

Observe equation 3 taken from a BSCF powder sintering study source21:   

𝑑𝜌

𝑑𝑡
=

𝐶𝑁𝜉𝛾 𝛺

𝐷
 

(Eq. 3) 

 

Where ρ is density and t is time show densification rate of the microstructure, and C is a constant, 

N number of pores within a grain, γs the surface energy, ξ is the diffusion coefficient, and Ω the 

volume per cation. D is average grain size and m is a power law relationship of interface (m=4) vs 

lattice diffusion (m=3) mechanism. Knowing that decreasing D an order of magnitude compared 

to conventionally derived micron sized powders increases densification rate comes as no surprise. 

But under reducing conditions Ω should be increasing with B-site cationic valence shift and 

maximizing the number of oxygen vacancies should make site to site hopping greater. 

Experimental findings showed the reduction had the opposite effect on densification, which means 

that the diffusion coefficient once initial particle necking has been achieved has become lower in 

some way knowing that N porosity has been eliminated.  
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The diffusion coefficient D and grain growth, is tied to Q activation energy as shown in22:  

𝐷 = 𝐷 𝑒𝑥𝑝
−𝑄

𝑅𝑇
 

(Eq. 4) 

 

 

Meaning, a weaker diffusion coefficient that is ascribed to lesser densification or grain growth is 

more likely the result of an increase in activation energy for atomic diffusion to occur. How might 

the activation energy increase within the SVMO system?  

A reasonable explanation would be that relative to the inert sintering conditions, oxygen 

partial pressure reducing gas of the reducing gas is much lower23. As a result, the extent of 

reduction of SVMO under inert conditions is lowered which in turn affects interatomic bonding. 

Indeed, if a simple doping to facilitate anti-site bonding of Fe – O – Mo to Fe – O – Fe character 

can lower activation energy24, it is not hard to believe that increasing the level of electronic density 

around B-site cations via reduction could in turn increase the bonding strength of these cations 

within the lattice. The bond strength change may be characterizable via measurements of bulk 

elastic modulus at the intragranular level. For this SVMO study, great care was taken to acquire a 

range of samples that would represent the change in properties as a response to sintering in inert 

argon vs forming gas 5% hydrogen. The lessons learned from part 1 were incorporated to acquire 

dense, high purity SVMO such that any shift in lattice behavior could be deconvoluted from cation 

segregation and porosity.  

Results and Discussion  

To begin this second part study, bear in mind the first part is where many of the processing 

considerations were taken from. At the forefront of this study lies the decision to utilize the 1:1:11 

ratio and initially phase form at 1100 oC. A sound criticism of utilizing the 1:1:11 ratio reduced at 
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1100 oC should arise from examining Table 4 of the Part 1 study: was it not the 1:3:11 Reduced at 

1175 oC that generated nano particulate densification most readily at 1300 oC for 12hrs under N2? 

An ideal densification behavior at lower temperature may be useful for some applications where 

highly dense homogenized microstructure is less critical. However, for this series of samples an 

expedient production of powder became handier than an extra 5% density at lower temperature. 

Simply put, techniques were later found that can nullify the difference between initial mixtures, 

albeit at the cost of needing an extra 12-16 hour heat treatment cycle. More importantly the 1:1:11 

can achieve adequate phase purity and densification behavior without requiring an extra 10 hours 

of calcination time to remove the substantial carbon content of the 1:3:11. The volumetric 

expansion the of gel is also the lowest with the 1:1:11 ratios making microwaving and grinding a 

facile step in the production process.   

With these factors decided, the main objectives for identifying potential mechanisms at 

play for the observed sensitivity to sintering atmosphere were to elucidate whether the surface, or 

bulk of the particles were sensitive to the change in oxygen partial pressure. It is common for 

metals like tin and aluminum to form oxide layers that otherwise have a much higher melting point 

and thereby block further diffusion of atoms whose bulk has a relatively lower melting 

temperature25-26. To know with certainty, a set of both partially and mostly dense (>90%) samples 

would be used relative to green state powders to determine if densification can occur provided 

grains are already well necked and surface energy is less significant than lattice energy.  It will 

become clear as results are delved into that the reducing atmosphere is indeed altering the physical 

properties relevant to sintering. Much more interesting than this, however, is the same axiom for 

particle processing of SVMO will still hold. No single brute force heat treatment will take any 

initial set of particles and sinter them to high density with good phase purity. Indeed, severe kinetic 
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trade-offs arise from SVMO’s general resistance to diffusion and need to form highly reduced 

vanadium and molybdenum octahedra in the same cubic phase.  

High Temperature Sintering Profile Rationale and Kinetic Considerations 

 The selection and analysis of the multi-stage sintering parameters arises from the tuning of 

both particle contact area and phase purity. The SVMO system has likely reached its limit in 

densification if only dwelled at 1300 oC from prior studies. Going to a higher temperature is likely 

the best way to achieve higher density more consistently though there are limits when selecting 

temperatures above 1350 oC. Exceeding or dwelling at 1500 oC is a very demanding energy output 

for many SiC element heated tube furnaces, and so for practical considerations of powder 

manufacturing no dwell took place during this study above 1400 oC. The ramp up to and down 

from the peak temperature was intended to generate as much densification of double perovskite 

particles in as little time as possible.   

Rudimentary mortar and pestle hand grinding of powders reveals the same sensitivity to 

reducing atmosphere, but with much more exacerbated kinetic limits due to the larger particles. 

Figure 17 XRD demonstrates the incomplete mixing of cubic perovskite planes relative to argon, 

meaning a strong relationship of diffusion within the perovskite particles themselves. Even though 

there is a slight presence of scheelite at its typical position near 27.8 2θ for Ar sintered pellets, 

they are certainly only leftover from the initial reduction process as observed in Figure 18. That 

presence is heavily diminished in the reduced hand ground powders, so despite less perovskite 

inter-diffusivity the oxidized phases can be eliminated.  
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Figure 17: Comparison XRD and micrographs of hand ground SVMO particles sintered at a) 1450 
oC – 1350 oC, in Ar, and b) 5% H2 95% Ar. Scale is 53.6 µm across blue line.  
 

 
Figure 18: XRD Pattern overlay of hand ground (blue) vs EtOH milled (red) 1:1:11 Reduced 1100 
oC powders 
 

The previously established method of milling SVMO was necessary to achieve high 

density due to the improved kinetics of high surface area powders. This process comes at the cost 

of partially oxidizing the molybdenum rich phases to generate scheelite, which disappear after 

sintering under inert conditions thanks to the higher surface area of these particles compared to 

hand ground. From the introduction of this scheelite generates a problem with densification: phase 
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volatility. An experiment where fully oxidized SVMO was brought up to 1400 oC revealed when 

under reducing atmosphere the scheelite would reduce relative to an inert atmosphere where it 

melts and volatilizes completely. Ordinarily if temperatures are kept low enough this effect would 

not interfere with sintering as the solidification rate was slow enough to allow for volatilized 

species to escape over time. Through simple visual inspection it has become clear that for sintering 

runs with a peak temperature of 1500 or 1450 oC these species begin to become entrapped while 

still off gassing, leading to both macroporosity between grains opening and the melted phase leaks 

on the sample substrate. This led to the implementation of doing a ‘Pre-Reduction’ run; similar in 

essence to some annealing runs in inert gas, except in this case the goal was to make sure the 

SVMO is both completely reduced and homogenous prior to the sintering step at high temperature.  

 

 

Figure 19: a) FESEM with b) EDX overlay of 1300 oC pre-reduced green powder for 2 hrs. Scale 
bar in blue = 1μm. EDX color scheme is blue for O, purple for Sr, light blue for Mo, red for V, 
green for Ir, pink for carbon.  
 
 
The net effect observed was that pre-reduction; for any temperature, improved the overall density 

and spread of density values pellet to pellet. This was expected, though the change in 

microstructure during the initial pre-reduction was almost completely insignificant at 1300 oC 
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remaining at a comparable state to pure green powders near 60-61% relative density. Therefore, 

the elimination of oxidized phases generated a more optimal diffusion pathway that did not 

generate macroporosity to the same extent observed in Figure 20 c).   

 

 

Figure 20: a) Micrograph and b) XRD pattern of SVMO milled powder pre-reduced 1300 oC 2hrs 
sintered 1450 – 1350 oC and c) micrograph plus d) XRD pattern of pre-reduced powder sintered 
1450 – 1350 oC with 2 hrs dwell. Powder sintered identically but with no pre-reduction. Scale of 
blue line is 9µm.  
 

One may observe the persistence of the molybdenum Im-3m pattern from the part 1 study 

is still present, except in the samples sintered from a fresh ground state in argon but with no 

reduction steps post phase formation. Judging from the initial phase formed powders in Figure 18, 

it is clear the molybdenum initially forms from the initial phase formation at 1100 oC. Even after 

milling, molybdenum’s presence diminishes but does not disappear. When comparing samples 
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sintered in Ar for 12 hours vs 2 hours at 1350 oC the peaks for molybdenum are effectively gone, 

hinting that the formation can be avoided and is ultimately favored to return to the double 

perovskite phase but kinetically limited. When the same powder is sintered with the 12 hour profile 

under reducing conditions, the molybdenum peak persists, and even under EDX it is clear the 

inhomogeneity in the diffraction pattern matches that observable of the chemical inhomogeneity 

(Figure 21).  Indeed, across multiple micrographs it is easy to observe the molybdenum precipitates 

as brighter high contrast regions as the bcc phase is 10.23 g/cm3 compared to SVMO’s 5.73 g/cm3. 

Fortunately, even with this precipitation the actual particle weight percentage (and volume 

percentage) is too low to affect density behavior or even electrical percolation behavior 

significantly. Future investigations into SVMO’s promise as a fuel electrode may prefer to 

maximize molybdenum particle growth as it can be its own effective catalyst.  

 

 

Figure 21: Closer look at (110) at 32.3 and (111) at 39.8 2θ perovskite planes adjacent to the 
molybdenum body centered cubic (110) plane (40.5) for the samples dwelled at 1350 oC for 2 hrs 
(gold) vs 12 hrs (grey) in Ar.  
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Figure 22: a) Milled SVMO sintered in reducing atmosphere 1450 – 1350 oC 12hrs (red pattern) 
vs (grey) Ar sintered. b) EDX micrograph characteristic of the red XRD pattern, with vanadium 
and molybdenum segregation within grains. Scale bar in blue = 5 µm, blue for O, pink for C, light 
blue for Mo, green for V, red for Sr. Note in a) the peak shoulders on the right indicate a slight 
particle bias to single perovskite SrMoO3 not fully intermixed with SVMO seen in Part 1 study.  
 

 

 

 



92 
 

 
 

Clear from the examination of these diffraction patterns is the propensity towards the 

double perovskite phase dominance in either reducing or argon atmosphere, so a phase 

decomposition is not the likely cause in what prevents densification of particles. The evidence of 

lesser diffusion has not yet uncovered how the double perovskite phase is kinetically limited in 

diffusion. The full intermixing of cations towards high density is evident under inert atmosphere, 

but if the reducing atmosphere is influencing bulk characteristics then no major shift in 

microstructure or density should occur after the microstructure has been mostly densified. But if 

the reaction was purely surface limited, already necked particles should be observed to continue 

growing. On the basis of testing this theory, a set of pre-reduced samples were compared for their 

density before and after reduction and an additional 1500 oC peak 1390 oC dwell set was tested. 

 
Table 6: 1:1:11 SVMO:CA:EG Reduced at 1100 oC sintering parameters. 
 
Prior 
Conditions 

Temperature 
Peak (oC) 

Temperature 
Dwell (oC) 

Dwell Time 
(hours) 

Atmosphere Relative 
Density 

Hand Ground 1450 1350 12 5% H2 95% Ar 64.5% 
Hand Ground 1450 1350 12 Ar 74.7% 
Mill 1300  1300 2 5% H2 95% Ar 61.4% 
Mill 1450 1350 2 Ar 84.8% 
Mill 1450 1350 12  Ar 85.6% 
Mill 1450 1350 12  5% H2 95% Ar 60.5% 
Mill, Reduced 
1300 oC 2hrs 

1450 1350 2 Ar 91.1% 

Mill, Reduced 
1300 oC 2hrs 

1450 1350 12 Ar 94.1%  

Mill, Reduced 
1300 oC and 
Sintered 

1450 1350 12 5% H2 95% Ar 94.0%  

Mill 1500 1390  2 5%H2 95% Ar 74.3% 
Mill, Reduced 
15-1390 C 2hr 

1500 1390 12 Ar 92.6% 

Mill, Reduced 
15-1390 C 2hr 

1500 x4 1390 x4 0.5 Ar 92.2% 
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Figure 23: a) SVMO Milled Powder Reduced 1500- 1390 oC 2hrs, b) + 1500 oC – 1390 oC 12hrs, 
c) + Reduction at 1500 oC -1390 oC 2hrs. EDX inset scale bar in blue = 5 µm, blue for O, pink for 
C, light blue for Mo, green for V, red for Sr. 
 
 

 
Figure 24: a) Fracture surfaces and XRD of SVMO Milled Powder Reduced 1500 oC- 1390 oC 
2hrs b) + 1500 oC – 1390 oC x4 Intervals. Blue scale bar = 3 µm 
 

It was noted that a similar set of samples but pre-reduced at 1300 oC and sintered with 

follow up reduction at 1450 oC– 1350 oC 12 hour dwell took place, but the phase evolution ended 

up identical to the set with a consistent temperature profile for each phase of sintering at 1500 oC 

– 1390 oC. The variation of samples between 92 – 94% is not significant enough to claim greater 
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densification for either of these sample sets. Incredibly, a sample which was sintered with four 

iterations of 1500 oC oscillating between 1390 oC to maximize the time spent above 1400 oC also 

had an insignificant effect on density. This would have to mean that, not only would changing the 

atmosphere to reducing would show no significant change in microstructure, but for the SVMO 

system continued grain growth simply will not occur unless a greater threshold temperature is 

reached and dwelled at for sufficient time.  

 

 

 
Figure 25: XRD of compiled 1500 oC – 1390 oC runs, a) sintered in Ar (green), b) + additional 
reduction at 1500 oC – 1390 oC (blue), c) overlay at higher resolution of a) and b) where (pink) is 
the pre-reduction sample. 
 

 Nonetheless, what is significant is how the already densified microstructure does not shift 

to an alternate phase from the Pm-3m SVMO double perovskite. Both reduced and inert gas 

processed SVMO has the same lattice with perhaps only a slight expansion observable across the 

peaks, which would make sense for ionic radii of molybdenum and vanadium expanding by as 

much as 0.05-0.1 Å. What will become clear, is how the full intermixing of B-site cations towards 
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the disordered lattice may drive the lack of diffusion thereof. The next section serves to answer 

the question of how this processing sensitivity manifests in other V-Mo stoichiometries. 

Variable Stoichiometry Sr1.9VxMoyO6 and Chemistry of Single Perovskites   

Do the processing atmosphere sensitivities and extent of diffusion translate across a 

spectrum of vanadium and molybdenum content? The core hypothesis here was to test if in fact 

the V-O-Mo bonding has a form of synergy that makes diffusion less readily occur than the V-O-

V bonding or Mo-O-Mo bonding in the perovskite lattice. An observed decrease in densification  

transitioning from single to double perovskite should occur, but there are two points of nuance that 

complicate this system.  

The first point was the lack of any linearity in the densification behavior at 1300 oC for 12 

hours in nitrogen. Going from V1.9Mo0.1 and V0.1Mo1.9 their behavior was fairly similar to their 

single perovskite counterparts with densities of  79.9% and 74.4%. These samples were 

synthesized with a 1:2:8 ratio and reduced initially at 1100 oC, thereby lower density of the SVMO 

would be expected around 70%. When examined from the spectrum of  

V1.5Mo0.5>V1.4>V1.3>V1.2>V1.1>SVMO<Mo1.1<Mo1.2<Mo1.3<Mo1.4<Mo1.5V0.5 

The average green density (%) was:  

61.9>64.6>66.3>66.1>64.3>SVMO<60.4<61.5<62.3<60.9<58.7 

And the average sintered relative density (with respect to each stoichiometry not SVMO) was: 

70.6>70.2>78.0>85.8>86.1>SVMO<80.7<79.6<70.5<81.8<77.8 

While the packing density would be expected to shift lower due to greater oxidation of the 

molybdenum rich phases during processing, it is difficult to justify even within a given range of 

samples a variation of 8% or higher in total densification.  
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But perhaps a method to reconcile this behavior would be to ramp up temperature to the 

1500 oC – 1390 oC profile. The point being that surface driven diffusion at the lower temperature 

of 1300 oC may have had more characteristic spread in powder consolidation from distribution 

rather than actual bulk properties. If already pre-necked particles could be re-sintered at higher 

temperatures, particle distribution would become less critical an influence on densification than 

lattice based diffusion between the already necked particles. Pellets were taken from the pre-

sintered state and exposed to higher temperature in both forming gas reducing atmosphere and 

argon to evaluate discrepancies here.  

 

 

Figure 26: Micrographs to scale with EDX overlays of the various vanadium rich SVMO 
stoichiometries. From left to right Sr1.9V2O6, Sr1.9V1.9Mo0.1O6, V1.5, through V1.1. Top row: 
Reducing sinter 1500 – 1390 oC. Bottom row: Inert sinter 1500 – 1390 oC.  
 
 
 
 

 

Figure 27: Micrographs to scale with EDX overlays of the various molybdenum rich SVMO 
stoichiometries. From left to right Sr1.9Mo1.9V0.1O6, Mo1.5, through Mo1.1. Top row: Reducing 
sinter 1500 – 1390 oC. Bottom row: Inert sinter 1500 – 1390 oC. Note individual phases became 
redundant for most so only two EDX overlays included. 



97 
 

 
 

 
 

In the case of forming gas, starting with Sr1.9V2 working towards Sr1.9Mo1.9:  

82.9>82.8>75.8>73.8>81.7>89.3>84.7>SVMO<79.5<80.1<70.6<83.5<78.5<80.9 

These values should come as no surprise in relation to reducing atmosphere; density did not 

increase more than 6%. But when examining the argon sintered set, the Sr1.9V2O6 partially melted, 

and the Sr1.9Mo2-1.9 O6 melted to the point of open pores forming at the surface. The argon sintered 

set were:  

95.2>95.1>96.4>94.9>82.6>88.9>SVMO<78.9<88.9<89.0<87.9<80.6 

Vanadium rich sample stoichiometries show a more pronounced propensity towards greater 

densification than those prepared with molybdenum rich stoichiometries. While it is fair to say a 

greater number of samples must be run to gain statistical information of the densification contrast 

between stoichiometries, consistently reaching 95% compared to mere 80%s is of no coincidence. 

Knowing that the same sensitivity for reducing gas exists across V/Mo ratios, provides a basis for 

the diffusion anisotropy observed in Part 1 based off of the variation in stoichiometric based 

densification. 

If a single SVO grain absorbs an adjacent SMO grain, its stoichiometry changes. But if the 

densification rate is sensitive to the stoichiometry, then the next adjacent grain that sample could 

absorb will be more difficult to do so. So rather than the next grain absorbing into a mostly S V-

Mo O rich grain, it will prefer to diffuse into a grain that has a lower threshold for diffusion. The 

net outcome would be the microstructure does not consolidate isotropically because doing so is 

kinetically disfavored relative to each particle selectively diffusing into lower bond strength 

particles. This ease of sintering of high vanadium content phases is consistent with the observation 



98 
 

 
 

during initial reduction that the vanadium rich phases consolidate into SVMO first, and it was 

always the SrMoO3 that lagged behind.  

As such, the observed effect where two ends of a particle may be more molybdenum or 

vanadium rich, while the necking grain boundary being SVMO rich blocks diffusion under 

reducing conditions since the double perovskite V-O-Mo has a threshold of diffusion than V-O-V 

or Mo-O-Mo, the opposite of most metal, metal oxide systems. It is not the surface that restricts 

diffusion, rather than the bulk itself. It must be important to note this effect is not profoundly strong 

in the Sr2FeMoO6 system. A half oxidized powder of SrMoO4 and SrFeO3 was obtained via 1100 

oC calcination for a brief sintering experiment to observe density and phase purity via XRD. Even 

without the solid-solution fully homogenizing, a reducing sintering run at 1300 oC for just 2 hours 

achieves over 90% relative density for SFMO. Clearly for SFMO there is not a disproportionate 

change in diffusion characteristic as parent particle consolidation occurs, thereby allowing for 

isotropic consolidation even without a fully homogenized product.  

 While making an assessment about the diffusion characteristics is possible, the relationship 

of the vanadium perovskite and molybdenum perovskite’s bonding synergy and sensitivity to 

reducing atmosphere lacks clarity. We must then turn to the understanding of valence mixing to 

further articulate the role the specific bonding may play in the SVMO system.  

Mixed Valence Response to Sintering Atmosphere                                                        

The results of prior research showed the effect of annealing SVMO at temperatures up to 

700 oC with H2, and the sintering in H2 at 1100 oC and 1300 oC after cooling demonstrate a 

significant shift in oxidation states towards more reduced molybdenum and vanadium20. Given the 

clear sensitivity of double perovskites to reduction and lack of diffusion at temperature, it seems 

reasonable to expect that a shift in valency mixture somehow affects the bonding strength of ions. 
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When sintered with higher partial pressure of oxygen, the valence mixture ought to shift to higher 

oxidation states thereby changing bonding character from being more covalent to ionic.  

 The problem with this assertion, is that by simply looking at the XRD patterns of argon vs 

forming gas sintered samples there is not any clear change in the Pm-3m structure. If there was a 

shift to a Fm-3m structure; where B-sites are configured in a rock salt ordering due to being more 

distinct oxidations of B’=V and B”=Mo, then it may be more believable6. There may be a slight 

shift of d spacing to be narrower observed from XRD of the dwelled sintering at 1390 oC in Ar, 

but slight lattice contraction relative to a reduced lattice is little to draw conclusions from. In all 

likelihood, it could be hypothesized from observing the lattice pattern being disordered at the B-

site there was not any real shift in oxidation between samples sintered in argon vs forming gas.  

 The oxidation shift between powders at elevated temperature 1450 oC – 1350 oC must 

therefore be compared directly, using the same XPS characterization strategy but with one major 

caveat. Knowing from the sintering data that the mechanism responsible for lesser diffusion in 

reducing gas is likely affecting the bulk diffusion behavior, we cannot assume that probing the 

surface alone will provide representative information of the double perovskite lattice. A sputtering 

approach must be incorporated to remove the surface layer to probe the bulk, but this opens up a 

new host of problems. XPS studies have demonstrated that both Sr – O, V – O, and Mo – O systems 

are prone to reduction by Ar+ beams27-29. There needs to be a test to elucidate how the Mo octahedra 

and V octahedra in this specific strontium perovskite lattice respond to depth profiling independent 

of one another, such that specific interactions there are not obscuring the synergy of the V – O – 

Mo  multivalency. A form of calibration was therefore performed on equivalently strontium 

deficient single perovskite samples sintered at 1300 oC in Ar; where each were depth profiled for 

5 minutes total shown in Figure 28 and Figure 29.  
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An expected result was that the extent of surface oxidation of the SrMoO3 perovskite was 

greater than that of the SrVO3. The surface oxide of V5+ was removed after a minute, whereas for 

the Mo6+ the extent of oxidation persisted for at least 4 minutes of sputtering until finally the 

expected distribution of Mo6+, Mo5+ and some range of Mo4+ lower than 230 eV for the multiplex 

analysis was observed. What is important, is that both the position and character of these peaks are 

consistent with both the SVMO and single perovskite XPS studies, that the sputtering does not 

have any severe effect on the octahedra’s electronic landscape individually. Indeed, a thin film 

study that depth profiled SVO claims alteration of the valency mixture as a result of sputtering, 

that which was highly consistent with the spectrum observed in Figure 2830-31. However, given the 

known multivalent nature observed at the surface, and disparity between redox sensitivity of SMO 

vs SVO, it can be argued specific states in this set of samples should appear from sputtering via a 

greater representation of the bulk lattice. For studying surface phenomena, of course sputtering is 

inappropriate, but viewing a lower energy shift to V4+ would be truer to the bulk property of the 

SrVO3 perovskite structure from a charge balance/tolerance factor perspective.  
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Figure 28: Calibration Sputtering of Sr1.9V2O6 single perovskite sintered at 1300 oC Ar. Each 
iteration is 30 secs working up towards 5 minutes total where peak intensity is greatest. 
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Figure 29: XPS calibration Sputtering of Sr1.9Mo2O6 single perovskite sintered at 1300 oC Ar. Each 
iteration is 30 secs working up towards 5 minutes total where peak intensity is greatest. 
 
 
 A critical observation to hold onto is the observation of the Sr 3d5/2 peak for these single 

perovskites. The SrMoO3 surface and bulk spectrum is consistent with Sr2+ character, but this 

becomes more interesting when the SrVO3 peaks are examined. Just as in the SVO thin film study 

there is a slight shift from lower to higher energy to become more consistent with Sr2+ character. 
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That is to say, the strontium vanadium oxide surface manifests the Sr2+ electronic states differently 

than the strontium molybdenum oxide surface.   

 Let us then turn to the observations of SVMO samples sintered in a 1450 oC – 1350 oC 

profile under separate forming gas (Figure 30) vs argon (Figure 31) atmospheres. Immediately, a 

dramatic shift in both peak shape character and position can be observed after 2 minutes of 

sputtering as compared to both the single perovskites. When we first examine the 2 minute and 12 

minute sputtered samples of reducing gas sintered powders, a clear shift to the right (lower energy) 

is observed for the 2 minute samples, which is likely an artifact of how the spectrum were zeroed 

and the electronic density shifting. The vanadium and strontium peaks are at least 2 eV lower than 

what should be possible for even metallic vanadium and strontium, so characterizing exact 

positions and weighting of oxidation states was inappropriate for this analysis29,32. A simple 

correction except for a major discrepancy: the molybdenum peaks overall are still at least 3 eV 

lower than even Mo metal28. This finding would seem to indicate that SVMO is not only highly 

sensitive to depth profiling affecting chemistry, but that the Ar+ ions have a disproportionate effect 

on the molybdenum cations relative to every other ion. It would be profound to claim from this 

data that SVMO reduced at these temperatures has molybdenum charge carrier density exceeding 

that of the molybdenum metal. However, considering the effects on binding energy are not equally 

weighted across the ions, it may be just as erroneous to claim the sputtering interactions are solely 

responsible for the observed shift to lower binding energies.   
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Figure 30: XPS depth profiling of SVMO powder reduced with a 1450 oC – 1350 oC dwell. Top 
row: samples sputtered for 2 mins. Bottom row: sputtered for 12 mins. Left: Mo 3d peaks. Center: 
O 1s and V 2p peaks. Right: Sr 3d peaks.  
 

From here it could be assumed that the oxidation shift is too unreasonable to derive any 

difference between samples, but upon examining the Ar atmosphere sintered SVMO a more 

compelling discovery is made. Not only are the vanadium and molybdenum peaks more oxidized 

and discrete, but an overt peak shape change is observed with the Sr 3d spectra. The 3d5/2 and 3d3/2 

peaks for Sr2+ at 134 and 132 eV are consistent with prior literature double perovskites. I.e., the 

sputtering did not affect the inert sintered sample as much as the reduced sample. Even though the 

Mo 3d after sputtering for 12 minutes appears more reduced with peaks closer to the metallic Mo0 

288-287 eV, the Sr 3d is exactly where it should be and appears more oxidized as a function of 

sputtering. So then, not only is the weighting of electrons for the reduced sample higher for 
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vanadium and molybdenum; as expected, but the strontium has a clear shift to lower binding 

energy more consistent with Sr0 character31.  

 The bulk double perovskite Pm-3m lattice remains the consistent space group between 

shifts in oxidation. The discrepancy in sintering atmosphere changed the samples more than an 

Ar+ interaction could account for. Perhaps, a partial substitution of argon into oxygen vacancies in 

the reduced sample, but this substitution would more likely cause oxidation as there are greater 

electrons per ArO
′ site than a VO

•• site and the host lattice should charge compensate by giving 

electrons away. Therefore, it may be argued that the increase in electronic density from reduction 

in the SVMO system is generating a Sr – O bond covalency, electron sharing that is weighted more 

towards Sr2+ than an ionic bond, that otherwise is not present when sintering with inert conditions. 

Ordinarily this type of electronic behavior would not be observed in similar double perovskites. It 

is possible that the synergy of V – O – Mo bonding is responsible for this shift, as more polarized 

B’-O bonding in double perovskites is competitive for electrons in the A – O site bonds and B” – 

O site bonds33. At greater depth the propensity of Mo 3d and greater V5+ is weighted, but the 

specifics of the physical interaction at play relative to the reduced sample are not completely clear. 

The only thing clear is that despite minimal shift in structure, change in bonding character from 

greater electronic density of the reduced samples has been observed via the XPS spectra. 
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Figure 31: XPS depth profiling of SVMO powder sintered in argon with a 1450 oC – 1350 oC 
dwell. Top samples sputtered with 2 mins, bottom with 12 mins. Left: Mo 3d peaks. Center: O 1s 
and V 2p peaks. Right: Sr 3d peaks.  
 

To reiterate: it is not likely that the sputtering interactions alone were responsible for the 

shift in character of the reduced sample in contrast to the inert sintered sample. Moreover, that the 

inert sintered sample showed a much more reduced molybdenum than any prior literature SVMO 

reveals both an atmospheric and absolute temperature dependency of valence states that remain 

even after cooling to room temperature. Even leaving all other factors aside, the lowered binding 

energy and peak broadening of the Sr 3d observed indicates greater electron sharing and therefore 

may provide an explanation for increased bond stiffness. But even so, direct probing of the bond 

stiffness is needed to provide evidence for any claim towards diffusion inhibition caused by 

reducing atmosphere. 
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Correlation of Stiffness to Diffusion and Reduction   

 After witnessing the XRD and XPS data sets two key points emerge: that the structure of 

double perovskite persists as a disordered B-site arrangement due to the multivalent nature, and 

that both the B-site and A-site valency are altered when sintered in a reducing vs inert environment. 

An interesting hypothetical framework emerges for the bonding characteristics of SVMO, which 

are not necessarily shifting uniformly along any given crystallographic plane. The A-site 

covalency observed opens up a new potential that a crystallographic direction that was once a 

lower diffusion barrier becomes locked up upon reduction. Alternatively, the crystal structure in 

every dimension becomes stiffer and that provides the discrepancy in the extent in densification.  

 The last data set of indentation modulus becomes useful by probing the polished surface 

of the microstructure. The intragranular properties of the lattice should reveal themselves with 

minimal corruption via porosity’s influence on the elasticity of the material. The factors that may 

convolute the modulus measurement would arise from landing on edges, flaws, or preferred 

crystallographic directions that are uncharacteristically stronger (or weaker) than other planes in 

the crystal.  That said, probing bond stiffness at room temperature may have turned out to merely 

correlate to the diffusion characteristics while sintering. The biggest problem is that if the shift in 

valency affects bonding; but we also know valency changes with temperature and atmosphere, 

then so too must the bonding character deviate with temperature. It can only be surmised that 

enough of the change in bonding character is preserved after cooling to room temperature and can 

be probed for stiffness information.  

 In an attempt to capture the shift in bonding nature with various thermal treatments, a 

specific set of samples were selected for comparison. A summary of samples and their mean 

modulus and resistance to irreversible deformation (RID) are in Table 7. 
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Table 7: 1:1:11 SVMO:CA:EG Reduced at 1100 oC sintering parameters for nano indentation plus 
relevant average modulus data. 
Conditions Sample ID Temperature 

Dwell (oC) & 
Atmosphere 

Relative 
Density 

Ei  
Mean 
(GPa) 

Ei 
SD 
(GPa) 

RID 
Mean 
(GPa) 

RID  
SD 
(GPa) 

V1.1Mo0.9 
PreSint & Sint 

Sample 10 1500-1390 
Inert 

88.9% 229.11 24.81 18.43 3.35 

V1.1Mo0.9 
PreSint & Red  

Sample 9 1500-1390 
Reducing 

84.7% 192.16 27.56 13.21 4.24 

Sintered and 
Reduced 

Sample 8e 
(4 Red) 

1450 – 1350 
Reducing 

92.5% 267.70 37.97 16.89 5.04 

Mill, Reduced 
15-1390 oC 2hr 
Sintered, Red 

Sample 7b 
(2 Red) 

1500-1390 
Reducing 

92.6% 257.59 26.32 19.25 3.45 

Red 1300 oC 
2hrs, Sint, Red 

Sample 6b 
 

1450 - 1350 
Reducing  

94.0% 275.80 19.16 
 

20.74 
 

2.58 
 

Sintered N2 Sample 4 1450 – 1350 
inert 

92.5%  256.05 
 

33.93 18.20 4.65 
 

Reduced 15-
1390 C 2hr 
Sintered 

Sample 2 1500-1390 
Inert 

92.6%  251.55 26.94 
 

18.81 
 

4.39 
 

Reduced 15-
1390 C 2hr 

Sample 1 1500-1390 
Reduced  

74.3% 152.29 
 

26.75 
 

7.76 
 

2.21 
 

 

The first important note: sample 4, the highly dense 1450 – 1350 oC densified sample 

acquired from Part 1 research, was used to find the experimental parameters such as max load. 

More details of nanoindenter calibration can be found in the methods section, but a key point in 

analyzing these sets of data was that Sample 4 was chemically homogenous and this was verified 

via nano-Auger Line scanning and depth profiling across multiple grains (Figure 32). A few 

observations were that a peak more commonly attributed to Ti was actually confirmed as V, since 

neither EDX nor XPS spectra for these samples detected any Ti characteristics lines, so the 

multivalent landscape of vanadium likely shifts energy low enough to mimic the Ti signal. It is 

clear that there is more vanadium at the surface relative to molybdenum, but that difference 

contracts after sputtering. The only major change in stoichiometry comes from either minor 

molybdenum inclusions or oxygen content. The variable oxygen content may point to 
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crystallographic orientation sensitivity to reduction, but otherwise is difficult to deconvolute at this 

level of analysis.   

 

Figure 32: a) Sample 4 (SVMO sintered 1450-1350 oC N2) SEM image with  Auger line scan 
and depth profile across 10 µm. Top set of line scans b) and c) are at the surface, and bottom set 
d) and e) are after 30 minutes of total sputter. Colors for the scans: light blue is O, pink is the Ti 
(or extra V peaks), blue is Sr, green is Mo, gold is C, red is V.  
 

It becomes clear from analyzing the histograms that not only do processing conditions have 

an impact on the magnitude and variance of modulus, but the scale of modulus is abnormally above 

that of other perovskite oxides34-35, or even most ceramics in general. SrMoO3 should have a bulk 

modulus near 180-200GPa36, while SrVO3 has been shown both empirically and theoretically to 

be similar at 187 GPa, and 224 (empirical) vs 284 GPa (theoretical) for the Young’s modulus37-38. 

It may also be appropriate to compare our findings to that of SrTiO3 and LaCrO3. SrTiO3 has been 
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well characterized mechanically for modulus to be at least comparable to SVO and SMO at 200 – 

264 GPa 39-41 and known to have a melting temperature just above 2000 oC. LaCrO3; a common 

SOFC interconnect material, has a melting temperature above 2400 oC and requires temperatures 

of at least 1450 oC – 1800 oC to sinter42-43 . The nanoindentation modulus of thin film LaCrO3 is 

still relatively unremarkable near 200-225 GPa, and its electrical conductivity is only 0.1 S/cm. 

No perovskite oxide exceeding 300 GPa bulk modulus or nanoindentation modulus has been 

located to the best of the author’s knowledge. However, WO3 and Al2O3 are oxides still higher in 

overall nanoindentation modulus than any SVMO sample reported in this study44,45.  

 Though one may claim that perhaps the molybdenum metal inclusions are having an effect 

on the stiffness, the nanoindentation modulus of molybdenum crystals is closer to 320 GPa46. The 

formation of carbide47 and nitride inclusions within SVMO were also hypothesized with the 

vanadium rich domains, but inconsistent with the lack of an observed nitride or carbide peaks after 

XPS analysis. This is also inconsistent with the densification and modulus behavior of single 

perovskite SVO and vanadium rich SVMO. Such inclusions would increase the bond stiffness and 

reduce densification, but the opposite was observed. 

Although the intraparticle stiffness is high, preliminary polycrystalline Vickers hardness 

showed HV between 8-10 GPa for SVMO, with observable crack propagation with only 500 gf. 

Those values are about the same hardness as LSGM electrolyte and lower than that of cubic 

zirconia’s 13-15 GPa, despite a disproportionately higher modulus48.  
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Figure 33: Plot of nanoindentation sample modulus vs relative sintered density. A linear trend is 
observed indicating dependency of stiffness on the extent of consolidation. Note the points at 84% 
and 89% are the from the V1.1Mo0.9 set sintered in reducing vs inert atmosphere. 
 
 

 

Figure 34: Comparison indentation modulus histograms of SVMO Pre-Reduced at 1500 – 1390 
oC 2hrs, then sintered for a 12 hrs dwell in Ar, and reduced again under the same temperature 
profile for 2hrs. 
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 Sample to sample variation of the SVMO characterized was directly linked to their inherent 

processing conditions. Porosity cannot be ruled out as a contributing factor of stiffness 

measurements. Contributions from internal porosity or indentation along the edges of pores were 

mitigated, through the analysis as observed ‘kinks’ in the load vs indent depth curves. However, 

in Figure 33 a nearly linear relationship (R2=0.9552) between observed porosity of any given 

sample and the stiffness suggests intrinsic bond stiffness increase within grains of more extensive 

consolidation. For a polycrystalline sampling with an indenter spanning multiple grains this effect 

should be observed49.  Under a Berkovich tip indenter the length scale of the interaction of the 

sample e.g., contact radius < 1.5 µm with the tip should remain intragranular41. To make sense of 

this observation, other possibilities for explaining the effect of consolidation on intrinsic stiffness 

should be explored. From this trend it may be surmised that >98%  dense SVMO or single 

crystalline thin films could approach 300 GPa for microscale modulus. 

 The examination of Table 2 and Figure 15 shows the first pre-reduction sample has a 

substantial shift in average by over 90 GPa compared to the sintered sample.  
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Figure 35: Comparison resistance to irreversible deformation (RID) histograms of SVMO Pre-
Reduced at 1500 – 1390 oC 2hrs, then sintered for a 12 hrs dwell in Ar, and reduced again under 
the same temperature profile for 2hrs. 
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Figure 36: Comparison indentation modulus histograms of SVMO, reduced at 1450 – 1350 oC 
12hrs, then sintered for a 12 hrs dwell in Ar, and reduced again under the same temperature profile 
for 12 hrs. 
 

The behavior is slightly less clear when observing a lower temperature reduction and 

sintering protocol. Nevertheless, reduction appears to eliminate points below 250 GPa while not 

substantially affecting the average modulus. A more curious case is that the only major difference 

between the sample that had the highest stiffness data averages above 270 GPa was it had been 

pre-reduced at 1300 oC. The intrinsic property shift is hard to interpret, other than perhaps the 

higher density of the sample may not necessarily be to blame, as we know that temperature changes 

oxidation states in a non-predictable fashion. But even so, the observable trend is the reduced 

phases by each comparable sample have a slightly more isotropic character to their indentation 

behavior than inert processed samples.   
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Figure 37: Comparison resistance to irreversible deformation (RID) histograms of SVMO, reduced 
at 1450 – 1350 oC 12hrs, then sintered for a 12 hrs dwell in Ar, and reduced again under the same 
temperature profile for 12 hrs. 
 

 
To address the shift in reduced sample by over 90 GPa to greater than 250 GPa more 

directly, recall that from Figures 23 and 24 XRD patterns the pre-reduced samples were not fully 

intermixed with Mo / V nor densified. Naturally, even at 1500 oC diffusion is severely restricted 

under reducing atmosphere. Recall that SVO and SMO both sinter readily under reducing 

conditions and show a lower modulus overall (Figures 26&27). If the SVMO bonding is truly a 

synergistic one, it makes perfect sense that the indentation stiffness would be lower overall for 

more V rich or Mo rich domains. The noteworthy finding here, is that even an incompletely mixed 

SV-MO system is fairly homogenous in stiffness at the polycrystalline scale. Suddenly the prior 

literature data of SVMO’s coefficient of thermal expansion makes more sense, in lieu of the fact 

that bulk modulus should correlate strongly to expansion behavior. It is strange that the CTE is 

only roughly comparable to YSZ and LSGM electrolyte in SVMO if it is in fact twice the bond 
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stiffness at room temperature18. Those prior studies did not breach over 90% density and therefore 

were probing an incomplete mixture of V/Mo: whose overall stiffness was closer to that of those 

electrolytes measured. 

 An additional check should be that a slightly vanadium rich sample even when fully 

intermixed from the 1500 – 1390 oC temperature profile ought to be lower in modulus than that of 

stoichiometric SVMO. The nanoindentation modulus of the V1.1 does not match the spread of the 

inert sintered samples but is notably lower at 229 GPa vs 257 GPa average modulus. The reduced 

sample by comparison is a more interesting case, has a disproportionately lower modulus average 

of 192 GPa but the same reduced spread of values, which almost implicates reduction lowered the 

modulus for the slightly vanadium rich samples. However, observing Figure 26 the sample is still 

not quite as intermixed (because reducing atmosphere sintering is kinetically limited). Moreover, 

if the reduced sample was truly less stiff and easier to diffuse, the grain size would also be larger 

by contrast, but instead the argon sintered sample was substantially larger in grain size.  
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Figure 38: Comparison indentation modulus histograms of SVMO V1.1 Reduced at 1500 oC – 1390 
oC 2hrs, compared to a pellet sintered in Ar.  
 
 

 
Figure 39: Comparison RID histograms of SVMO V1.1 Reduced at 1500 – 1390 oC 2hrs, compared 
to a pellet sintered in Ar.  
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We can then turn towards answering two questions: why do the inert sintered samples have 

a slight leftward bias of indent distributions? Is this consistent with the initial hypothesis that the 

reducing conditions increase the bond stiffness of the SVMO lattice which in turn increases 

necessary sintering temperature? In the latter case, the answer likely no: an average shift in 

modulus by only 5 or 20 GPa does not represent the observation that diffusion is effectively 200 

oC colder for reducing atmospheres vs Ar i.e., 1500 oC 5% H2 samples look like 1300 oC samples 

in Ar.  Even though the observed increase in lower oxidation states changes bonding character 

along with the observed Sr 3d covalency shift, the overall stiffness has not really changed. 

The only phenomenon that is clear from this initial set of data: the difficulty in sintering 

with higher bond stiffness relative to other comparable perovskites (SVO and SMO included) can 

then be related to the synergy of the V – O – Mo bonding system. Even Sr2TiMoO6 is relatively 

facile to sinter in 5% H2 at 1400 oC, despite also exhibiting a similar level of multivalency of the 

Ti2+,3+,4+
 Mo6+,5+,4+,3+ B site pairs in a Pm-3m structure12. Although that system also has an order of 

magnitude lower conductivity across literature compared to SVMO reduced above 1300 oC.  

 An additional point to notice is the strong connection of the RID to the modulus data 

observed in Figures 35, 37, and 39. The bonds are very stiff with little observable plastic 

deformation. This would hint that the bonding character is strongly ionic but given the very high 

electronic density and stiffness relative to other perovskites a more covalent (electron sharing) 

nature that would preclude any dislocation motion seems appropriate41. It appears that the nature 

of SVMO’s bonding stiffness, resistance to ion mobility, and conductivity, are one and the same 

electronic force within the bulk lattice. 
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Conclusions 

Now that it has become clear how the difficulty in sintering SVMO lies in the nature of the 

electronic bonding character of the material, new research avenues can be evaluated, and properties 

of this double perovskite system can be exploited for materials engineering applications. A 

remarkable resistance to oxidation shift of the Pm-3m space group in SVMO suggests that the 

effect of substitutional doping can further tune the properties of the lattice without disturbing the 

structure. Better yet the lessons learned in Part 1 now have all been brought to light in this Part 2 

study, both the synthesis and sintering difficulties can be eliminated through a thorough 

understanding and manipulation of respective phase transformations and nano-particulate 

optimization can speed up powder production dramatically without demanding temperatures above 

1500 oC (though it would certainly help to be able to dwell at 1500 oC in Ar).  

As advice for future research into SVMO properties the main take-aways from this study 

would be to pay very close attention to both temperature and oxygen partial pressure levels as they 

greatly change observable oxidation states and bonding character. This does not preclude SVMO 

from redox sensitive applications as both a) the structure once densified has incredible kinetic 

restrictions to the extent of oxidation, characteristic to the vanadium molybdenum bonding 

character; and b) it may be possible to dope the structure such that surface redox stability is 

achieved while preserving the electronically conductive character of SVMO bulk. The most 

profound implication of this study has to be SVMO may be a material that bridges the gap between 

refractory ceramics, current collectors, and mixed conducting electrodes that may preserve both 

conduction and thermal stability properties of both. All thanks to the bonding synergy of the 

perovskite structure, this is only the beginning of understanding this novel material system. 
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Methods 

The series of samples synthesized, and density measurements followed the same protocol 

as the part 1 study utilizing hybrid Pechini – Microwave synthesis. Identical precursors were 

incorporated for the off stoichiometric Sr1.9VxMoyO6 and the same calcination protocols were 

followed with reduction taking place in the MTI GSL 1500X tube furnace. A ratio of (1:1:11) was 

utilized as this was a successful ratio for the synthesis of all SVMO samples while single 

perovskites utilized the (1:1:8) and off stoichiometric samples incorporated the (1:2:8) ratio. 

Synthesis took place in 10 gram batch increments. Calcination temperature was fixed at 550 oC for 

10 hours twice with successive regrind and reduction temperature for initial phase formation was 

fixed at 1100 oC for 12hrs. XRD analysis of off stoichiometric samples showed that both 2nd 

calcination was needed for full carbon removal and no stoichiometry contained perovskite 

structure until reduction was complete. Hand grinding was performed with sapphire mortar and 

pestles. Ball milling parameters were also kept identical to part 1.  

Samples were all pressed at 500 MPa and stacked between sheets of alumina substrate for 

all samples for arrangement in the MTI GSL 1500X tube furnace. Sintering temperature and 

atmosphere took place at 0.5 SCFH for both Ar and 5%H2 95%Ar  for the duration of experiment. 

N2 was excluded from these series of samples to be sure any high temperature NOx formation did 

not either interfere with the surface or the thermally derived oxygen partial pressure above 1400 

oC. Ramp rates were kept consistent at 4 oC per minute but were decreased to 2 oC per minute 

when coming down from peak temperature so as to maximize time above 1400 oC.  
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Nanoindentation Protocol  

Samples were prepared for nanoindentation identically to the FESEM-EDX analysis 

protocol. Cross sectioning analysis required epoxy coating (Ted Pella PELCO epoxy) of pellets 

within 30 mm pucks, then polishing with 240-1200 grit sandpaper followed with 300nm Al2O3 

polish plus an additional polish with 50 nm Al2O3 polish and sonicated in DI water for 15 seconds.  

Nanoindentation was performed using a KLA iMicro indenter (KLA Tencor iMicro, 

Milpitas, CA). Samples were indented in load control with a Berkovich diamond tip at 30 nm/s 

velocity until a load of 30 mN was achieved. The loading profile for indentation was 30s load, 10s 

hold, 30s unload. The 10s hold period following the loading was chosen since the material showed 

minimal creep behavior. The loading parameters were determined based on a preliminary 

indentation study of a randomly chosen location for “sample 4 - SVMO Sint - 1450-1350”. This 

sample was chosen as it has both high density of SVMO and high level of chemical homogeneity 

in the microstructure across grains, as confirmed with nano Auger depth profiles and line scans. 

Thus, the modulus measurement of this sample was indicative of pure double perovskite 

intragranular behavior. Ten indents were placed for each load from a range of 10 mN to 50 mN. 

From these data, it was observed that the variability of modulus decreases after 30 mN, 

corresponding with indentation depths of around 450 nm (Figure S4). Thus, 30 mN was selected 

as the load for the indentation of all study samples.  

A 10 x 10 grid of indents, with 15 μm spacing in x and y directions, was positioned at a 

randomly selected site on each of the 8 samples. For all samples, curves indicative of poor surface 

contact, due to landing on a surface pore or grain boundary, were excluded from analyses. The 

reduced modulus (Er) was measured using the Oliver-Pharr approach50, where Er is calculated as 

a function of sample stiffness (S, tangent to initial portion of unloading curve) and tip contact area 

(Ac, a function of contact depth from calibration on fused silica) (Eq. 5). Er is a composite property 



122 
 

 
 

including deformation of the sample and the tip (Eq. 6). The tip modulus (1140 GPa, Et) and 

Poisson’s ratio (0.07, vt) are known, allowing calculation of the indentation modulus, Ei (Eq. 7). 

Unlike the sample modulus, Es, the indentation modulus, E, does not assume a Poisson’s ratio for 

the sample. Therefore, we report Ei from each indentation test. 
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𝐸 =
𝐸

1 − 𝜐
 

(Eq. 7) 

 

We also measured microscale hardness (H) from each indent. In nanoindentation, hardness 

is measured as the ratio of the maximum load, Pmax, to the tip contact area at that load, Ac (Eq. 8). 

Because hardness is measured while in contact, it includes both elastic and plastic deformation. 

For high modulus ceramic materials, the elastic component of the deformation is considerable. 

Thus, we chose to report the resistance to irreversible deformation to account for the elasticity of 

the contact51 (Eq. 9).  
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H =
𝑃
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(Eq. 8) 

 

 

R =
𝐻

(1 − 𝐻/𝐸  2/tan (𝛽)
 

(Eq. 9) 

 

 

β is the cone angle equivalent (65.27˚) for the Berkovich tip used in this experiment. Separate 

histograms were generated for Ei and RID from each sample (~100 indents per sample). The tip 

area was calibrated using fused quartz. Care was taken to ensure an accurate frame stiffness of the 

indenter. 

 

Figure 40: Modulus versus load study for preliminary indentation on sample 4 - SVMO Sint - 
1450-1350 oC. A: The mean modulus of 10 indents per load is plotted versus load. B: The mean 
contact depth of 10 indents per load is plotted versus load. Error bars indicate standard deviation. 
 

XPS Characterization  

A Physical Electronics 5600 X-ray Photoelectron Spectroscopy system was used to analyze 

the surface of hand ground pellets sintered under inert Ar vs reducing forming gas atmospheres at 

1450 oC – 1350 oC. Monochromatic Al (Kα = 1487 eV) utilized to stimulate the photoelectron 
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emission at 15 kV and 15mA emission current. Z height calibration utilized the C 1s peak at 285 

eV and for neutralizer emission correction for the surface of each sample. Sputtering took place at 

specified intervals in the results but was with 2.5 kV of 15 mA Ar+ current. Calibration with SVO 

and SMO single perovskites utilized 0.1 eV/step, 50 msecs/step, 23.5 eV pass energy. SVMO 

samples used 0.025eV/step, 50 msec/step and 23.5eV.   

 

X-ray Diffraction  

Bruker D8 Advance Powder X-ray Diffractometer replaced the Scintag X1 from the first 

study. A higher scan resolution from 15 to 80 2θ characterized the samples sintered within different 

powder hand ground and deposited via glass slide. Time per step was fixed at 0.3 seconds vs 0.4 

seconds but with angle increments of 0.01 vs 0.02 and Cu Kα radiation at 1.5418Å with α2 

radiation filtered. All measurements were calibrated to Corundum 35.148o to ensure high accuracy. 

Sample rotation of 15 rpm and air scatter filter was utilized to improve consistency and reduced 

background respectively. 

 

FESEM – EDX Analysis  

ZEISS SUPRA 55VP secondary electron field emission microscope was utilized for 

microstructural imaging of final sintered samples at 10 keV for 250x-5000x per each cross 

sectioned sample. Each polished cross section was sputter coated for electrical percolation from 

the epoxy surface.  An Oxford Xplore 30 EDX analyzer was used to produce elemental maps via 

the evaluation of the Sr Lα1, Mo Lα1, O Kα1 V Kα1 and C Kα1,2. 
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Nano Auger Probe Line Scans  

Physical electronics PHI 710 Instrumental analysis of the combined microstructural surface 

distribution of SVMO densified to 92% was carried to verify homogeneity of fully formed double 

perovskite at the surface depth (3-5nm) of ~10-12 unit cell layers of SVMO (a=3.912 Å) and high 

lateral sensitivity. Sample cross sections were individually polished but not iridium coated. An 

electron beam current of 10 kV and 10 nA swept the surface holding for 2.0 ms/step. Peaks at 272 

eV evaluated for carbon, both 431eV and 475eV corresponded to vanadium, 513eV oxygen,  195 

eV Mo, and 1655 eV Sr were selected for non-normalized peak intensity analysis. Depth profiling 

utilized 2kV Ar beam in 1 minute bursts for a total of 30 cycles.  
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SOLID STATE SYNTHESIS OF ALUMINUM DOPED Li7La3Zr2O12 GARNET WITH 

ENHANCED THERMAL PROCESSING STABILITY 

Abstract 

 Lithium lanthanum zirconium oxide garnet (LLZO) is a relatively novel solid-state lithium 

ion conducting electrolyte commonly incorporated in all-solid-state batteries (ASSB)  owing to its 

chemical stability against lithium metal anodes. This material, though useful for its relatively high 

room temperature conductivity of ~0.1-1.3 S/cm of lithium ions, is highly sensitive to lithium 

stoichiometry towards its general stability of cubic phase and overall conductivity. Stabilizing 

agents such as aluminum oxide and excess lithium are needed to preserve the cubic phase and 

compensate for lithium volatility. Given the range of ceramic materials processing constraints such 

as ball milling, calcination, and sintering at temperatures above 1000 oC, it is easy to lose track of 

lithium content given its enhanced volatility. We dedicated this study to elucidate the sensitivities 

of aluminum doped LLZO powder synthesis and processing along its path to being utilized in a 

ceramic-manufacturing optimal ASSB. By utilizing thermogravimetric analysis in conjunction 

with in-situ XRD analysis of solid state LLZO precursor synthesis the sensitivity of the LLZO 

cubic phase to lithium volatility can be reduced via early incorporation of excess lithium carbonate 

during initial formation. The improved suppression of lithium volatilization has helpful 

implications for the scalable production of LLZO powders and assembly of ASSBs.    
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Introduction 

The development of 21st century galvanic cells has shifted interest in energy storage options 

to those with greater application variety, overall capacity, and reliability. For choice of 

transportation power electronics, the greatest source of attention for battery breakthroughs have 

been in the realm of lithium-based anode chemistry1,2. The greatest cell voltage relative to other 

elements and greatest energy per unit mass makes lithium metal an attractive option but safety 

issues of short circuiting have forced the use of lithium ion intercalation graphitic materials at 

lower voltages and energy densities3,4. Ever since commercialization of the graphitic anode derived 

lithium-ion battery; manufacturers have remained true to a paradigm of non-aqueous solvent based 

transport of cations under ambient conditions5.  

Over the last 30 years incremental improvements to solvent based lithium-ion batteries has 

pushed specific energy and power by dozens to hundreds of Ah/kg and Wh/kg. Currently lithium 

ion battery technology can achieve on the order of 2-300 km of range for electric vehicles6-8. These 

breakthroughs though capable of significant range and reliability increase of electric vehicles, are 

approaching the limit of theoretical capabilities of graphitic anode and oxide cathode 

combinations. Higher rate and energy capacity anode technology will not be accessible under 

electrolyte chemistry degradative to the lithium alloy system for an appreciable cell lifetime. As a 

result, conventional designs will likely never breach 1000 Wh/kg without a more chemically 

stable, cycling resilient lithium to electrolyte interface.  

Li7La3Zr2O12 (LLZO), continues to prevail among oxide ceramics for novel battery 

architectures to incorporate both hybrid solid-non aqueous liquid designs and all solid state battery 

designs9. In either case LLZO is attractive because it has interfacial stability to lithium metal owing 

to the high redox threshold of lanthanum and zirconium oxide cations10-11. The price of two orders 
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of magnitude less of lithium ion conduction is made up for by the wide stability window against 

an umbrella of anode and cathode materials11. Nevertheless, the low magnitude of conductivity 

and its variability in value traces back to the lithium ion content in the solid-state12-14.  

For lithium conductivity to reach its peak, LLZO must both remain in its cubic phase and 

retain an optimum lithium concentration. This picture is quickly convoluted by the need for a 

dopant to stabilize the cubic phase after initial powder formation at temperatures exceeding 900 

oC15-16. Over the past decade many doping approaches have succeeded in stabilizing LLZO, but 

the most stable to the lithium metal system has been with alumina (Al2O3) as a substitution into 

the lattice at a concentration of Li6.5Al0.25La3Zr2O12
15-21. Variations in both the final microstructure 

lithium concentration and phase impurity content has generated a wide window of conductivity 

values ranging on an order of magnitude 10-3- 10-4 S/cm within the literature. This is largely due 

to the lack of bulk powder processing optimization during the thermal treatment stages needed to 

independently phase form LLZO as a prelude to sintering powder to a dense microstructure22-24.  

Generally speaking, the process of sintering a ceramic powder to high enough relative 

density for bulk ionic conduction is a simple rule of achieving ample particle-particle contact and 

reaching 80-90% of the material’s melting temperature. But to do this with LLZO presents some 

issues: the material has 4 separate cations that each have a distinct coordination number with each 

other all within the same unit cell, meaning the phase formation process requires both precise 

mixing of ions and thermal treatment such that secondary phases are removed as the cubic phase 

stabilizes15. Phases such as lithium zirconate, and aluminates are known to form from mixing 

heterogeneities and phase formation. Secondly, lithium is a highly volatile element even in oxide 

form during both relevant phase formation and sintering temperatures. Loss of lithium contributes 
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toward both lower lithium stoichiometry in the cubic phase and generates the insulating impurity 

lanthanum zirconate (La2Zr2O7) pyrochlore15-17.  

The most common approach to combat lithium loss is to simply dope the lattice with excess 

lithium to ensure a greater than 10-4 S/cm conduction value22. However, this approach has several 

limitations in precision regarding the final end product of dense microstructure. Too much doping 

can lead to tetragonal phase instability of the cubic phase, and moreover is still sensitive to 

independent phase formation and sintering25. A set of experiments exploring the relationship of 

phase formation and precursor materials volatilization to calcination in air and sintering in an inert 

atmosphere with the rate of LLZO formation and lithium doping concentration has been lacking. 

Additionally, the influence of lithium precursor choice and the effect of final phase formation has 

been ambiguous in detail other than for solid-state synthesis powders derived from lithium 

carbonate as the powder of choice. 

The ability to mass manufacture LLZO for incorporation into lithium battery designs as a 

dense ceramic will be contingent on its compatibility with existing ceramic processing techniques 

including tape casting26-30. An in-situ view of phase formation and lithium volatilization may prove 

valuable to those hoping to optimize a burnout of green tapes to ‘skip’ unideal temperature regimes 

where LLZO is not phase forming but losing lithium. The nature of excess lithium doping during 

initial LLZO synthesis is therefore examined in this study from the perspective of reducing overall 

ceramic thermal treatment time while increasing the powder’s resilience to lithium loss and 

secondary phase formation that otherwise compromises consistent, scalable production.   
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Results and Discussion 

Given the end goal of reducing the sensitivity of LLZO to processing times and 

temperatures, the high temperature XRD experiments were used to understand principal phase 

evolutions during solid state synthesis as a function of excess lithium content. Trials across the 

range of doping levels followed similar overall trends captured in the XRD pattern and associated 

heatmap as Figure 41 below.  

 

 

 

 

 

 

 

 

 

 

 

 

Figure 41: Temperature resolved XRD with both 2θ representation and signal intensity map as a 
function of temperature to demonstrate the LLZO phase evolution. 
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The data in the figure was derived from a ball milled and freeze-dried mix of oxides loosely 

calcined in the alumina reflection cup of the XRD stage, which represents a contrast from the 

refined synthesis protocol of calcining powders as pressed pellets supported over the crucible 

surface. Discrepancies in the degree of interparticle contact, surface available for Li volatilization, 

and alumina crucible reaction between HTXRD and the ultimate synthesis protocol mean that this 

data is intended to elucidate key trends, but not provide a high fidelity representation of phase 

evolution during the synthesis later described. Notable trends in the phase evolution include the 

oxide precursors with lithium carbonate persisting in near-original form from room temperature to 

400 oC at which point a number of intermediate phases are observed between 400 oC and 600 oC. 

A sharp transition is observed from 700 oC where no LLZO is detected to 800 oC where LLZO is 

dominant evidenced clearly by the. (002) peak at 17o 2θ. This trend of precursors persisting to 

~400 oC followed by an entirely intermediate composition, with near-full transition to LLZO 

within a 100 oC window near 800 oC was consistent for all levels of excess Li considered. 

While the compositional transition from intermediate phases to LLZO was observed to be 

sudden, Figure 41 does indicate that important evolution continues to occur beyond 800 oC.  Even 

if LLZO is immediately dominant, intermediate phases persist through the end of data collection 

at 1100 oC for the 15mol% excess Li content shown here. At the same time, as calcination 

progresses beyond the initial LLZO formation, new impurity phases are observed to grow, 

observed most readily in multiple peaks from 19-25o 2θ. In the context of wide variation in 

sintering/calcination times and temperatures reported in the literature, it is apparent that neither 

the objective of extremely fast calcinations to limit secondary product formation nor especially 

long times at temperatures to acknowledge slow formation kinetics for LLZO are adequate for the 

formation of phase-pure garnet and that a more-nuanced approach is required. 
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Figure 42: Temperature resolved XRD showing delayed onset of lanthanum zirconate during 
calcination with increasing excess Li. 
 

It is very well established that the prime contribution to impurity phases after extended 

calcinations times in LLZO is the difficulty of Li volatilization. This is typically mitigated by the 

addition of excess Li in the precursor mix to compensate for that lost by evaporation. Excess Li 

levels during LLZO syntheses are reported between 5 and 35 mol%. While multiple excess Li 

levels considered in this study all followed the trends described in Figure 41, the importance of 

small shifts in excess Li content can be examined in Figure 42 where 5 mol% shifts change the 

onset La2Zr2O7 detection by hundreds of degrees during calcination. 

The feature of interest in each panel of Figure 42 is the La2Zr2O7 (010) reflection at 

approximately 28.3o 2θ. La2Zr2O7 represents the expected impurity formation as Li loss 

stoichiometrically limits LLZO formation at these temperatures. For all phases, the peak shifting 

observed represents the combined effects of thermal expansion in the crystals measured, thermal 

10% 15% 20% 
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expansion of the heated stage (z-displacement error), and possible chemically induced lattice 

strains. For this potentially complex behavior no inferences are made with respect to shifting of 

peak positions, but instead, relative intensities and onset temperatures for initial phase detection. 

In the case of the lowest excess Li sample, lanthanum zirconate is detected at 800 oC which is 

delayed until 900 oC for the mid-level Li content and delayed further to 1000 oC for the largest 

excess Li content studied. The observation that a range of 10 mol% excess Li changes the onset of 

lanthanum zirconate formation by 200 oC (~65 minutes) during calcination carries a couple of key 

implications for LLZO synthesis.  

First, and consistent with other reports, the LLZO garnet is not tolerant of Li deficiency. 

This suggests that in designing an LLZO synthesis, the excess Li content cannot be considered 

arbitrary or insensitive. Second, the rapid rate of Li loss means that the LLZO formation is very 

sensitive to processing variations in calcination. In experiments described here, a range of 10 mol% 

excess Li delayed onset of deleterious phases by 200 oC and 65 minutes. While solution based 

synthesis techniques are often considered superior given the inherent homogeneity of solution, the 

higher surface area particles which tend to result combined with observations made here may 

explain the difficulty of encountered applying solution based techniques to LLZO synthesis. 

Though the coarser powders applicable to solid state synthesis are meritorious, Figure 42 suggests 

that further mitigation of time-temperature sensitivities should be prioritized. 

In the scope of possible synthesis pathways considered in this study, less commonly 

reported alternatives to lithium carbonate as a lithium precursor were considered. Precursor 

mixtures for LLZO were prepared as described for the temperature resolved XRD except that 

lithium carbonate was replaced by lithium hydroxide or lithium nitrate. Lithium nitrate was 

particularly interesting because of its high water solubility which is expected to have yielded 
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excellent mixing during aqueous ball milling of the precursors. Lithium hydroxide was selected 

for its low price and accepted industrial use, including as a cathode precursor. These powder 

mixtures were all prepared at an excess Li content of 15 mol% and calcined in a TGA/DTA to 

1100 oC and held for 6 hours. 

The TGA/DTA curves are shown in Figure 43 where the three alternative precursors are 

overlaid. All three precursor mixtures show a multistep decomposition beginning with 

dehydration. Organic lithium precursor decomposition is understood to be the final and largest 

decomposition for all three mixtures. For the hydroxide and nitrate Li precursors, the final 

decomposition occurs in two stages, initially very rapidly, and then slowing before the resulting 

oxide mixture slowly evolves Li from the lattice for the remainder of the run. Critically, both the 

nitrate and hydroxide precursors are observed to begin decomposing just above 400 oC where the 

carbonate precursor does not begin to decompose until more near 650 oC.  These decompositions 

lead the initial formation of LLZO in Figure 41 by 400 oC and only 150 oC respectively. In the 

case of the hydroxide precursor mixture, no LLZO was detected. In the case of the nitrate 

precursor, trace LLZO was detected among numerous phases.  

Also significant is the sharp decrease in mass loss around 250 minutes for the carbonate 

and hydroxide precursors and 210 minutes for the nitrate. Based on correlated XRD, it is known 

that the lithium was not depleted in the case of the carbonate mixture suggesting the interpretation 

that the rate of Li loss is much lower for Li contained in the LLZO lattice than free LLZO . From 

the perspective of designing a synthesis which reduces the time-temperature sensitivity of 

formation, this interpretation reinforces the importance of minimizing the temperature delta 

between Li precursor decomposition and LLZO formation, which in turn mechanistically supports 

the use of lithium carbonate. 
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Figure 43: TGA/ DSC of the alternative precursors utilized in 15 mol% excess Li synthesized 
LLZO. 
 

In sum, the data taken from temperature resolved XRD and TGA suggests that solid state 

synthesis of LLZO with coarse powders should be effective. However, it is also suggested that the 

volatilization problem is so severe that calcination of loose powders may not provide a calcination 

window where sufficient time exists to fully form cubic LLZO without excessively depleting Li. 

The authors iterated the solid-state synthesis protocol to include pressing precursor mixtures into 

pellets, reducing surface area, and then supporting them at the edges over the crucible surface to 

reduce alumina contamination. This refinement yielded the outcome shown in Figure 44. 
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Figure 44: Calcination outcomes from the refined LLZO synthesis protocol. 

 

Figure 44 compares the outcomes of calcination of the three precursor mixtures for 6 hours 

at 1100 oC against a very common commercially available LLZO doped with Al. It is clear from 

the 28.3o 2θ peak that 10mol% initial excess is inadequate resulting in lanthanum zirconate 

formation. No lanthanum zirconate was detected for the 15mol% doping level and was possibly 

detected at 20%. This compares favorably with the commercial powder which, in the as-received 

state, indicated possibly detected lanthanum zirconate. In addition, the commercial powder shows 

remaining lithium carbonate (possibly added as excess for sintering), and a small peak at 23.6o 2θ 

which correlates with LiAlO2. The internally produced LLZO’s show doped-Al2O3 which was not 

incorporated in the LLZO during calcination. 
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When used in an all-solid-state architecture without polymeric additives, sintering of the 

LLZO is required. This condition imposes the constraint that the “as-received” or “as-calcined” 

state of LLZO is of limited relevance to battery performance relative to the “post-

sintering/processing state.” A processing flow diagram depicting the steps used in this study to 

synthesize LLZO followed by generic post processing steps are shown in Figure 45. An important 

metric of powder quality in a functional environment is its sensitivity to the processing steps 

subsequent to calcination. 

 

 

Figure 45: LLZO powder to sintered product processing flow diagram.  

 

LLZO is recognized as being very sensitive to humidity which leads to surface layers of 

Li2CO3. The authors of this study frequently employ water-based processing techniques including 

casting. To partially simulate this casting and explore more directly sintering effects, the 15 mol% 

excess powder of Figure 44 and commercial powder were pressed into pellets using water as a 

pressing binder and sintered under Ar for 6 hours at 1100 oC. Resulting pellets were ground by 

mortar and pestle and analyzed by XRD shown in Figure 46.  
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Figure 46: XRD of MSE LLZO product vs MSU LLZO before and after sintering demonstration 
of the reduced processing sensitivity.  
 

For both the internally synthesized powder and commercial baseline, the only detected 

impurity post sintering was La2Zr2O7. No additional Li2CO3 was added to either powder prior to 

sintering. Significantly, the internally synthesized LLZO shows very little evolution above 

detection limits with good phase purity meeting an important definition of low processing 

sensitivity. The commercial powder retained a major fraction of cubic LLZO, though an easily 

detectable quantity of La2Zr2O7 was observed. 
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Conclusions 

 The solid-state synthesis of aluminum doped LLZO has been thoroughly evaluated and 

further optimized thanks to efforts to refine the understanding of the material’s solid solution 

kinetic and thermodynamic preferences. Both the synthesis, and post garnet phase formation are 

not only sensitive to lithium volatility, but methods for excess lithium insertion can dramatically 

affect the derivative of phase transformations that otherwise compromise the structure. The 

implications are profound especially for any form of scaling production of powders and sintering 

for all-solid-state batteries at an industrial scale. Not only must geometrical considerations of 

surface to volume ratio be accounted for lithium loss, but proper incorporation of lithium 

precursors to reduce volatility and thermal sensitivity have the potential to make mass production 

considerably less tedious to the end user.  

Methods 

Powder Synthesis 

Powders for all experimental sets were synthesized using a solid-state route. Numerous 

processing variations are encompassed in this study, but the standard route from which iterations 

were varied begins with La2O3, ZrO2, Li2CO3 and Al2O3 being mixed in an aqueous dispersion and 

ball milled for 24 hours. The suspension was flash frozen and dried in a Virtis Advantage freeze 

dryer. Dry powders were pressed into 1.5g pellets of 0.75 inch diameter at 250 MPa for calcination. 

Oxide precursor pellets were calcined for 6 hours at 1100 oC in air supported above the crucible 

surface by spacer plates at the pellet edges to minimize additional alumina doping. Calcined pellets 

were ground by mortar and pestle, automatic mortar and pestle, or ball milling. After processing 
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by casting or pressing into new pellets, calcined LLZO was sintered to its final state in an argon 

atmosphere at 1100 oC for 6 or 12 hours. 

X-Ray Diffraction 

X-ray diffraction was preformed using a Bruker D8 Advance with Cu k-alpha (1.5406Å). 

Scans in ambient temperature and atmosphere conditions used stage spinning at 15 revolutions per 

minute, air scatter knife, and LynxEye detector in 1D, high resolution, mode with a dwell time 0.2 

seconds per step. Step sizes varied between 0.01 and 0.08 2θ depending on scan range and 

resolution required. High temperature XRD scans were done using an HTK-1200 temperature 

stage up to 1100 oC with Kapton/graphite windows. Dwell times were increased to 0.5 seconds per 

step for these measurements. Samples were prepared as loose powders held in aluminum oxide 

reflection cups.  
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SCALABLE FREEZE-TAPE-CASTING FABRICATION AND MORPHOLOGY STUDY OF 

POROUS LLZO 3D SOLID-STATE ELECTROLYTES 

Abstract 

Nonflammable solid-state electrolytes can potentially address the reliability and energy 

density limitations of lithium-ion batteries. Garnet-structured oxides such as Li7La3Zr2O12 (LLZO) 

are some of the most promising candidates for solid-state devices. Here, 3D solid-state LLZO 

frameworks with low tortuosity pore channels are proposed as scaffolds, into which active 

materials and other components can be infiltrated to make composite electrodes for solid-state 

batteries. To make the scaffolds, we employed aqueous freeze tape casting (FTC), a scalable and 

environmentally friendly method to produce porous LLZO structures. Using synchrotron radiation 

hard X-ray micro computed tomography, we confirm that LLZO films with porosities up to 75% 

were successfully fabricated from slurries with a relatively wide concentration range. The acicular 

pore size and shape at different depths of scaffolds were quantified by fitting the pore shapes with 

ellipses, determining the long- and short-axes and their ratios, and investigating the equivalent 

diameter distribution. The results show that relatively homogeneous pore sizes and shapes were 

sustained over a long range along the thickness of the scaffold. Additionally, these pores had low 

tortuosity and the wall thickness distributions were found to be highly homogeneous. These are 

desirable characteristics for 3D solid electrolytes for composite electrodes, both in terms of ease 

of active material infiltration and also minimization of Li diffusion distances in electrodes. The 

advantages of the FTC scaffolds are demonstrated by the improved conductivity of LLZO 

scaffolds infiltrated with poly(ethylene oxide)/Li trifluoromethanesulfonate imide (PEO/LITFSI) 

compared to those of PEO/LiTFSI films alone or composites containing LLZO particles. 
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Introduction 

Solid-state batteries have great potential to improve energy density and safety over what is 

currently achievable with lithium ion batteries (LIBs). The absence of flammable liquid 

electrolytic solutions reduces the risk of fire and leakage, and also may allow reliable cycling of 

lithium metal anodes. Replacing the graphite anode in LIBs with metallic lithium can result in 

much higher energy density and specific energy due to the ten-fold higher specific capacity (3860 

mAh/g) of the latter1,2. In conventional batteries with liquid electrolytic solutions, repeated cycling 

of lithium metal anodes can lead to dendritic shorting or mossy deposition, which are significant 

factors in their catastrophic failures3. Another advantage of solid-state devices is the possibility of 

using bipolar designs4-6, which can further save weight and space. The superior characteristics of 

garnets related to Li7La3Zr2O12 (LLZO) include a wide voltage stability window of nearly 6V, 

good thermal stability, high ionic conductivity (~ 0.1-1.3 mS/cm), and excellent mechanical 

properties, making them among the most promising of the solid-electrolyte systems5, 7-12. There 

were early reports of high interfacial impedances between lithium metal and LLZO, but these have 

largely been overcome by modifying interfaces and electrode designs, and stable cycling can now 

be reliably achieved in symmetrical cells at current densities up to 10 mA/cm2 13-16. To fully realize 

the promise of these devices, however, innovations in the design and fabrication of cathodes are 

now required. Most commercial solid-state batteries employ thin film formats, in which the areal 

capacities of the electrodes are very low, resulting in energy densities that are only a small fraction 

of the theoretical values and limiting applications. Thicker electrodes, similar to what is used in 

LIBs (30-100 m), would result in higher practical energy densities, but also require that the active 

material be composited with the ionic conductor and other additives to overcome transport 

limitations. Furthermore, all solid-state formats present formidable engineering challenges 
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associated with establishing and maintaining intimate contact among the components during 

cycling.17-18 Some attempts have already been made to create 3D LLZO frameworks for composite 

electrode structures through the use of fiber templating during tape casting17 and 3D printing18. 

The thickness of the composite electrode was well controlled to be around 100 m. Fiber 

templating creates a high tortuosity porous structure but is suitable for infiltrating molten sulfur. 

Proof of principle studies have been carried out for these composite electrodes. As claimed, the 

total energy density (248 W h kg-1) is far beyond that of any solid battery today.  

Freeze tape casting (FTC) is a scalable method to produce highly porous ceramic structures 

with easily controllable pore architectures. When water is used, it is also an environmentally 

friendly process. The technique has been successfully applied to produce porous Y:ZrO2 (YSZ) 

scaffolds for solid oxide fuel cells, to improve fuel gas inflow and to increase the contact area 

among components by generating large homogenously distributed pores inside a ceramic body19-

21. Here we demonstrate using FTC to prepare LLZO scaffolds for solid-state battery applications, 

which can be infiltrated with active material and electronically conductive additives to make 

composite cathodes, 12 or with polymer electrolytes to make composite ion conducting layers. To 

this end, we prepared several scaffolds using different solid loadings in the slurries. Combined 

with detailed examination of the pore structures, we aim to understand how processing parameters 

affect the porosity, which is a critical design factor for electrodes and composite electrolytes. To 

do the latter, we used the high penetration depth and spatial resolution of high energy synchrotron 

radiation hard X-ray micro computed tomography (SR-CT) 22 to reconstruct three-dimensional 

(3D) models of the FTC LLZO structures. The 3D morphology study using SR-CT is meant to 

establish better knowledge about the feasibility of freeze tape casting as applied to solid-state 

battery fabrication. The ultimate goal of this work is to obtain information pertinent to the 
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optimization of composite cathodes or solid electrolyte layers based on FTC structures for use in 

solid-state batteries. 

Experimental Section 

LLZO powder (Ampcera, Al-doped Li6.5Al0.24La3Zr1.76O12, MSE) was used as-received 

and mixed with up to 20 wt. % Li2CO3 (Alfa Aesar) that served as both sintering aid and source of 

excess lithium to promote the cubic garnet (c-LLZO) structure during high temperature sintering.  

The combined oxide powders were mixed in an aqueous suspension at solid loadings of 7.5, 12.5, 

and 17.5 vol. % utilizing an ammonium polymethacrylate salt dispersant (Darvan C-N, Vanderbilt 

Minerals, LLC) at 2 wt. % of the solid content. Although water induces slow decomposition of 

LLZO23, 24 resulting in protonation and formation of Li2CO3, the addition of excess Li from Li2CO3 

added to the slurry and subsequent heating reverses the process as has been described in our 

previous studies25, 26.  At such low solid loading, the slurry has insufficient viscosity to prevent 

dewetting on the Mylar tape casting carrier film and to maintain doctor blade gap height after 

casting; therefore 0.3 wt. % (of the water content) xanthum gum (Vanzan D, Vanderbilt Minerals, 

LLC) was incorporated as a thickener. The resulting mixture was ball-milled in poly-ethylene 

bottles with Al2O3 milling media for 24 hrs to properly homogenize the precursor powders and the 

thickener to achieve a stable slurry. An acrylic emulsion binder (Rhoplex HA-12, 53 wt. % 

polymeric solids emulsion, Dow Chemical) was utilized to provide strength to the high porosity 

LLZO scaffolds and the water emulsion binder was mixed with the LLZO suspension at 35 wt. % 

of the ceramic solid content.  Prior to casting, the slurry was de-aired under a ~10-3 mbar vacuum 

with the addition of a defoamer (Surfynol PC Defoamer, Evonik) to release trapped air in the 

slurry.  



156 
 

 
 

 

Figure 47: Schematic of the freeze tape casting setup. 
 

The house-made freeze tape casting setup is shown in Figure 47. Slurries with various 

LLZO solid loadings were poured through a sieve drainer to remove any agglomerates into the 

reservoir, cast onto the silicone coated Mylar film that was carried by the conveyor belt at a 

constant speed of 0.5 mm/s to maintain a uniform solidification front on the freezing bed, which 

was set at -40C for this study. Slurries with three different loadings (7.5%, 12.5% and 17.5%) of 

LLZO were utilized, and the LLZO tape thickness in all cases was set to be about 630 m by the 

use of a doctor blade. After freeze drying overnight at -50 oC to sublimate the solvent crystals, the 

LLZO porous tapes were first punched into regular cylindrical pieces and sintered at 1000 oC for 

2 h in Ar gas on Grafoil substrates to prevent sample sticking during densification. To ensure the 
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best SR-CT contrast, the freeze tape cast LLZO samples were encapsulated in epoxy and then 

cut into cylinders with a diameter of 3 mm, oriented along the thickness of the LLZO film.  

The SR-CT characterization was performed at Beamline 8.3.2 of the Advanced Light 

Source (ALS) at Lawrence Berkeley National Laboratory. First, several bright- and dark-field 

images were collected to correct the X-ray beam intensity fluctuation and normalize the 

background. Bright-field images were recorded with X-ray beam exposure but without the sample 

in the field of view (FOV), whereas dark-field images were acquired for detector background 

without the illumination of X-ray beam. During the experiment the cylindrical sample was 

mounted on a rotational stage with the sample thickness axis vertical and centered in the FOV. The 

sample was rotated in 0.125o incremental steps for a total of 180o. At each step, the sample was 

exposed with a monochromatic 24 keV X-ray beam for 0.5 s. The transmitted X-ray beam was 

recorded using a 50 micron thick LuAG:Ce scintillator, a 10× Olympus objective lens, and a 

PCO.edge sCMOS detector. Each raw projection represents a two-dimensional X-ray attenuation 

map, which was used to reconstruct a 3D data volume. Xi-CAM27 and TomoPy28 were employed 

to reconstruct the 3D models, while the visualization and sub-volume selection were done by 

Avizo from FEI. The frame-by-frame analysis were carried out by using ImageJ.29 For each 

specimen, two sub-volumes were selected for detailed study. One was a thin film shaped with the 

volume of interest of 1046 × 1403 × 128 m3, with the thickness direction of the sub-volume 

parallel to the thickness axis of the cast LLZO tape. For a better comparison, the thin film shaped 

sub-volume of each specimen was chosen from almost exactly the middle of each specimen along 

the freezing direction, and the thickness 128 m was selected because this is close to the thickness 

of electrodes commonly used in cells. The other sub-volume was a longitudinal section with a 

square (128 × 128 m2) cross section and a long axis of 631 m parallel to the LLZO tape thickness 
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in order to investigate the channel morphology and wall thickness evolution along the freezing 

direction. Note that the thicknesses of the sub-volumes are larger than that of the samples to ensure 

imaging of the top and bottom surfaces.  

To quantify the size and morphology, the pores were fitted using ellipses. The 

experimentally collected tomographic image of the pores (Figure 48a as an example) was first 

Gaussian smoothed and binarized and then segmented following the standard watershed algorithm. 

However, false pore splitting and fragmentation were frequently observed, as displayed by the thin 

white curves in Figure 48b. It was evident that ellipse fitting conducted directly on such binarized 

figures resulted in misleading statistics of the pore size distribution by generating a large quantity 

of artificial pores with relatively small size. To reduce the over-splitting mainly caused by 

watershed separation, a custom-developed irregular watershed feature implanted in BioVoxxel 

Toolbox30 was employed. By adjusting the so-called erosion cycle number parameter, the pores 

are reasonably well separated, mitigating the effects due to the roughness and disconnection of the 

pore walls (Figure 48c as a comparison to Figure 48b, with more reliable evidence shown in Figure 

S1 in SI). Finally, the size and shape of the segmented pores were determined by ellipse fitting 

adopting the algorithm developed by Wagner and Eglinger31, as indicated by the yellow ellipses 

in Figure 48d. 
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Figure 48: Data processing and ellipse fitting of pores. (a) Gaussian smoothed and binarized 
tomographic image of the pores. The dark parts are pores, while the white lines are LLZO walls. 
Comparison with the splitting result obtained through standard watershed algorithm (b), the 
irregular watershed approach mitigates the over-splitting problem (c). After splitting, the selected 
pore is fitted with a yellow ellipse (d).  
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For the composite electrolytes, PEO [poly(ethylene oxide), Mv=900k] and LiTFSI 

[Bis(trifluoromethane)sulfonimide lithium salt] were dissolved in acetonitrile at a 20:1 ratio of 

EO/Li. The solution was cast onto a Teflon petri dish and dried to form a polymer electrolyte film. 

LLZO powder/polymer composite electrolytes were also fabricated by introducing the LLZO 

powder into the polymer electrolyte solution which was then ultrasonicated for 1 h prior to casting. 

LLZO scaffolds were infiltrated with the polymer electrolyte by repeatedly drop-casting the 

solution. The LLZO powder mass was selected to match the LLZO: polymer electrolyte ratio in 

the LLZO scaffold/ polymer electrolyte counterpart (65:35 wt. or 30:70 vol.). All samples were 

dried under vacuum for several hours at 50 °C prior to measurements carried out at room 

temperature. Electrochemical impedance spectroscopy was measured using a Bio-Logic VMP3 

potentiostat/galvanostat equipped with frequency response analyzers. Measurements were made 

in the frequency range of 300 kHz to 1 Hz. 

Results and Discussion 

The 3D model and front view of the thin film sub-volume, as well as the tomographic 

micrograph of the longitudinal section sub-volume, of the freeze tape cast porous structures 

fabricated using slurries with various LLZO vol. % are displayed in Figure 49. The porous 

structures made from low concentration slurries (7.5% and 12.5%) are presented at selected 

viewing angles from the movies in the supporting information. From the 3D models and the front 

view cross sections in Figure 49a and b, it is obvious that unblocked and open pore channels are 

formed for both the 7.5% and 12.5% LLZO slurries. The slanting of the channels occurs because 

the temperature gradient is not perfectly aligned from bottom to top, as has also been reported 

previously21. The size of the channels is uniformly distributed in each sample, and higher LLZO 

concentrations result in decreased pore sizes. Quantitative measurement indicates that the 
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porosities of these two specimens are 79% and 75%, respectively. An inspection of the longitudinal 

section sub-volume indicates that there is roughly constant LLZO wall thickness throughout the 

whole 630 m cast tape thickness range, in contrast to the decreasing wall thickness from bottom 

to top in the yttria-stabilized zirconia (YSZ) sample fabricated using a similar freeze tape casting 

setup21. When the LLZO slurry concentration was raised to 17.5 vol. %, however, the morphology 

of the LLZO structure changes dramatically (Figure 49c). Instead of aligned channels, randomly 

distributed holes, hundreds of microns in diameter, are generated. This structure is also displayed 

in a movie in the SI, together with a photo for the whole cylinder (Figure S2, SI). Excessive 

powder/solvent interaction at higher LLZO vol. % degraded the powder dispersion stability, which 

deterred uniform powder exclusion during ice nucleation and growth processes, and hence no 

ordered pore channels formed. This behavior was also observed in YSZ based FTC, but at 

substantially higher solid loading approaching 45 vol%, indicating FTC methods for LLZO are 

ideal at high porosity, which coincides with the outcomes of LLZO composite cathode approaches.   

The morphology of the pores in the LLZO structures fabricated using 7.5 and 12.5 vol. % 

slurries, labeled Sample 1 and Sample 2, respectively, throughout the manuscript, were analyzed 

in detail. The cross sections of both samples covering the whole thickness are displayed in Figure 

50a and b. The longitudinal pore directions in both samples are not normal to the film surface but 

slanted, in contrast to other porous structures fabricated using the freeze casting method.32 More 

reconstructed models for displaying pores in the whole thickness direction are shown in Figures 

S3 and S4. Generally, bigger pores and less connectivity (bridging) are apparent in Sample 1 

compared to Sample 2, resulting from the higher solvent concentration.   
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Figure 49: The reconstructed thin film and longitudinal subvolumes together with the front view 
images extracted from the tomographic results for the 7.5% (a), 12.5% (b) and 17.5% (c) structures, 
respectively.  

 

 

Figure 50: The morphology of the pores fabricated using 7.5% (a) and 12.5% (b) LLZO slurries. 
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Figure 51: The XY cross-sections at various thickness positions in 7.5% (a) and 12.5% (b) samples. 
Pores are colored to distinguish from the surrounding ones. For both samples, the positions of the 
selected cross-sections are labeled. 
 

To better understand the pore morphology evolution along the film thickness (Z-direction), 

cross-sections along the XY plane at various depths of the LLZO structures were examined. Since 

the thicknesses of Sample 1 (502 m) and Sample 2 (545 m) are similar, the selected cross-

sections are from the same position relative to the bottom of each film, i.e., 50 m, 350 m, and 

500 m from the bottom, respectively. The 2D cross-sections of the pores in each figure are 

identified and colored to distinguish from the surrounding ones, as depicted in Figure 51a and b. 

The pores in almost all the cross-sectional figures appear to have elongated shape, except for the 

ones at the bottom of Sample 2, where more or less in-plane isotropic morphology was obtained. 

In both specimens, the pore sizes near the bottom where the slurries contacted the cooling plate 

are smaller than the ones in the middle and upper part of the films. This gradient occurs because 

ice nucleates from the bottom, where the slurry is in direct contact with the freezing bed and grows 

vertically along the thermal gradient. 
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Figure 52: The lengths of long and short axes of pores averaged over each XY cross-sectional 
plane in 7.5% (a) and 12.5% (b) samples. The aspect ratios (c, d) are also calculated for both 
samples according to the measured long and short axes. 
 

To quantify the evolution of the pore size and shape, XY cross-sectional planes were 

extracted from bottom to top in 1 m incremental steps for both samples, and at each thickness 

position the pores were fitted with ellipses. The incremental step size was chosen based on the SR-

CT spatial resolution. After measuring the lengths of the long and short axes, designated a and 

b, respectively, of each ellipse, they were averaged at each thickness position and plotted in Figure 

52a and b for Sample 1 and Sample 2. The lengths of a and b are smaller at the bottom, increasing 

gradually until they reach relatively constant values at about 80 m from the bottom. After that 

point, the average lengths of both axes remain constant over a depth range of 300 m. The pores 

in Sample 1 are bigger on average than the ones in Sample 2. The pore sizes in the upper part near 
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the surface of Sample 1 show little variation, while in the counterpart region in Sample 2 there is 

a significant decrease of a. The standard deviations of both axes are small at the very bottom of 

both films but increase rapidly and continuously towards the surface. The aspect ratios a/b 

averaged over each plane, plotted in Figure 52c and d, respectively, indicate that the pores are 

more stretched in the upper region than at the bottom for both samples. In general, the aspect ratios 

in Sample 1 are slightly greater and more consistently distributed through the thickness than those 

in Sample 2.  

The equivalent diameter of each pore, ( d a b  ), was calculated over an area of 0.4 

mm2 (500 × 800 m) on the XY plane at four thickness positions; 50 m, 200 m, 350 m, and 

500 m from the bottom of both samples and the distributions plotted (Figure 53). Most values of 

d are smaller than 40 m near the bottom of both samples. This trend is maintained for all the 

cross-sectional planes in Sample 2, although the fraction of large pores increases slightly in the 

regions farther from the bottom. In contrast, the number of pores with d larger than 40 m increases 

in a much more significant manner in Sample 1, resulting in larger average pore sizes and fewer 

numbers of pores, as seen in Figure 53a. The number of pores increases slightly again in the regions 

closer to the surface, because more small sized pores are formed. This may be due to surface water 

evaporation during freeze tape casting, leading to locally higher solids loading. To better describe 

the pore size distribution, the pores are sorted based on their equivalent diameter from small to 

large. Then the area of the pores are added up one by one following the as-sorted sequence until 

the summation of the area reaches half of the total area, and this last-counted pore size is defined 

as the weighted median equivalent diameter. The weighted median equivalent diameter of the 

pores on each XY plane is plotted in Figure 53c. The weighted median equivalent diameter of the 

pores in Sample 1 increases from about 50 m to 80 m from the bottom to the surface, while that 
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in Sample 2 first increases from 30 m (bottom) to 50 m (about 200 m above the bottom) and 

then remains constant and decreases slightly towards the surface. Combining Figure 53a and c, it 

can be concluded that in the middle region of Sample 1, more large pores are generated but fewer 

small ones are left. Upon reaching the surface, the total number and the equivalent diameter of 

pores go up simultaneously, indicating a wider distribution of pore sizes.  
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Figure 53: Pore size distribution for 7.5% (a) and 12.5% (b) samples at various thickness positions. 
The distance from the bottom, pore number, and mean pore size are labelled in each histogram. 
The weighted median equivalent diameters are calculated and displayed in (c)
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Based on the SR-CT characterization and analysis displayed above, it is clear that freeze 

tape casting is a promising method for fabricating porous LLZO structures with directional open 

pore channels. The advantages are apparent in the following three aspects. First of all, high 

porosities of 75% or more can be readily obtained over a range of LLZO slurry concentrations 

using this technique. This is important for energy density reasons; active material loadings in the 

composite electrode should be high. Second, the pores are well aligned and have low tortuosity, 

which should enable facile infiltration of active materials, when fabricating composite cathodes. 

For 2D structures, the simplest mathematical method to estimate tortuosity () is the arc-chord 

ratio, i.e. the ratio of the length of the curve (C) to the distance between the ends of it (L) 
C

L
  . 

Adapting this definition to our 3D model, the low tortuosity, approaching 1, also minimizes the 

Li+ diffusional path length, which is critical for achieving good rate capability in operating 

electrochemical cells. Third, the pores, although they vary somewhat in size and morphology 

throughout the thicknesses of the samples, appear to have few bridges, which would interfere with 

efficient infiltration. Other advantages to the FTC process include scalability and environmental 

friendliness when water is used as the solvent. 

The evidence for graded porosity in the samples discussed above is of interest and requires 

some explanation. When the slurry is poured into the reservoir and carried out by the conveyor 

onto the freezing bed, the temperature at the bottom of the slurry is the lowest and thus the 

nucleation starts there. In the cases presented here, because the slurry was cooled well below its 

equilibrium freezing temperature, many solvent nuclei formed rapidly, having relatively small 

sizes and almost isotropic shapes. As a temperature gradient exists from the bottom (cold) to the 

surface (warm), the solvent crystals grow upwards along the temperature gradient direction. In 
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doing so, the crystals coarsen by means of coalescing with one another and/or ripening. The cross-

sectional morphology of the crystals deviates gradually from isotropy because another temperature 

gradient exists due to the movement of the conveyor, which is also the reason why the pores grow 

obliquely, not perpendicular to the LLZO film surface. Alignment can be made vertical by 

controlling the casting speed, but this was not further investigated in this study. The pores in 

Sample 2 are smaller than those in Sample 1 because the solids loading in the slurry was higher. 

More bridges are also observed in Sample 2 than in Sample 1, probably due to two mechanisms. 

First, during the solidification, the solute solid in Sample 2 is higher than in Sample 1 and can go 

into the regions between adjacent solvent crystals and even, to some extent, impede the growth of 

the solvent crystal along the temperature gradient. Second, the lower solvent content of Sample 2 

results in higher viscosity and lower diffusivity. As a result, it is easier for the solute to form 

connecting bridges. As the columnar crystals grow further up closer to the surface, the pore size 

and shape, especially in Sample 2, become more irregular, most likely caused by the change of 

local temperature and chemical composition. The larger average pore sizes, fewer bridges, and 

somewhat greater porosity of sample 1, made with 7.5% LLZO, are more conducive to successful 

fabrication and utilization of composite electrodes for solid state batteries than those of sample 2, 

made with 12.5% LLZO. 

In order to confirm the superior transport properties of the 3D LLZO scaffolds, ionic 

conductivities of a PEO/LiTFSI polymer electrolyte, LLZO powder/polymer composite 

electrolyte, and LLZO scaffold/polymer composite electrolyte were compared. The LLZO mass 

fraction in the composite electrolytes (65 wt.% or 30 vol.%) was fixed to identify the effect of 

LLZO distribution within the polymer matrix (homogenous/discontinuous vs. 
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directional/continuous). Typical Nyquist plots of each sample are shown in Figure 54. 

Conductivities of the neat polymer electrolyte, LLZO powder/polymer composite electrolyte, and 

LLZO scaffold/polymer composite electrolyte are 3.6 × 10-6 S/cm, 5.3 × 10-6 S/cm, and 2.0 × 10-5
 

S/cm at room temperature, respectively. Both composite electrolytes show higher ionic 

conductivities compared to the neat polymer electrolyte. The composite using the LLZO scaffold 

has four times higher conductivity compared to the counterpart using LLZO powder and six times 

higher compared to the neat polymer electrolyte. A similar LLZO-PEO polymer composite 

electrolyte architecture has been reported recently using wood as the architectural template for 

constructing vertical LLZO channels.33 A high ionic conductivity of 1.8 × 10-4 S/cm was obtained 

in their study, but a much higher LLZO vol. fraction (68 %) was used in the composite compared 

to what is used here. 

 

 

Figure 54: Nyquist plots of neat polymer electrolyte (PEO/LiTFSI), polymer electrolyte 
composited with LLZO particles, and LLZO scaffold infiltrated with PEO/LiTFSI. 
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Conclusions 

In this study, a freeze tape casting method was used to fabricate porous LLZO scaffolds 

for potential use in composite cathodes for solid-state batteries. The structures of two of these 

LLZO scaffolds made using slurries with different solids loadings were characterized in detail with 

SR-CT. A solid loading of 17.5% did not yield the desired structure, but scaffolds made from 

slurries containing 7.5% or 12.5% LLZO exhibited unidirectional porosity of 75% or greater. The 

sample made with lower solids loading had somewhat higher porosity, larger pores on average, 

and less bridging between neighboring LLZO columns, which should be beneficial for infiltration 

of active materials to make composite electrodes for solid-state batteries. In general, the wall 

thicknesses of the pores in the LLZO scaffolds shows little change along the whole thickness range, 

in contrast to other materials systems reported in previous freeze tape casting studies. Both samples 

exhibited a somewhat graded pore structure, such that the pores were smaller close to the bottom 

(near the freezing bed) and somewhat larger closer to the top. In addition, the pores were oriented 

at an oblique angle rather than perpendicular to the thickness of the samples. Both phenomena can 

be explained by the FTC fabrication process, in which a thermal gradient exists not only from the 

bottom to the top, but also along the direction that the slurry is carried over the freezing bed. A 

scaffold infiltrated with polymer electrolyte demonstrated higher room temperature conductivity 

than either the polymer electrolyte alone or a polymer electrolyte containing LLZO, demonstrating 

the advantage of unidirectional pores. 
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ALL-SOLID-STATE BATTERIES USING RATIONALLY DESIGNED GARNET 

ELECTROLYTE FRAMEWORKS 

Abstract 

 Functioning all-solid-state batteries in practical form factor with composite positive 

electrodes, using Al-substituted Li7La3Zr2O12 (LLZO) as the solid electrolyte, have been 

demonstrated for the first time. The devices incorporate bilayers composed of dense LLZO 

membranes and LLZO scaffolds infiltrated with LiNi0.6Mn0.2Co0.2O2 (NMC-622) and other 

components as positive electrodes, combined with lithium foil anodes. The porous scaffolds are 

prepared using an easily scaled freeze tape casting (FTC) method. The unidirectional pores of the 

scaffold facilitate infiltration and shorten lithium ion diffusion path lengths, while the addition of 

a soft ionically conductive solid to the scaffold ensures good contact among the components as the 

cells are cycled. 

Introduction, Results & Discussion 

All-solid-state batteries (ASSBs) potentially offer higher energy density, longer cycle life, 

and better inherent safety than state-of-the-art lithium ion batteries (LIBs).1,2 However, successful 

fabrication of ASSBs with ceramic electrolytes has primarily been restricted to small-scale thin 

film devices due to processing difficulties and interfacial challenges,3,4 Here we address these 

issues by combining tape-casting and freeze tape casting (FTC) methods to construct porous/dense 

and porous/dense/porous bi-/tri-layer Li7La3Zr2O12 (LLZO) frameworks in which the porous 

layers are composed of vertically aligned LLZO walls functioning as directional ion conduction 

paths. ASSBs are constructed by infiltrating active material and other components into the porous 
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layers and adhering Li metal to the dense side of the bilayer framework. We also reduced the 

cathode/LLZO interfacial impedance by introducing a plastic-crystal solid electrolyte into the 

porous layers. No liquid electrolytes were added to these devices to make them function. 

LLZO was selected due to its high ionic conductivity (0.1-1.3 mS cm-1), wide 

electrochemical stability window (~6V), chemical stability to Li, and dry air stability.5,6 FTC is a 

scalable method for making thin porous films, with good control over thickness, porosity, and pore 

size.7 A key feature of the FTC prepared LLZO scaffolds is the low tortuosity pore channels along 

the thickness direction, which aids infiltration and shortens Li diffusion path lengths. Another 

crucial factor aiding device design is the incorporation of a plastic-crystal solid electrolyte into the 

pores, which acts as a mediator to connect the cathode material and the LLZO, thus avoiding the 

need for co-sintering. This also reduces interfacial impedance and permits stable operation of the 

ASSBs. 

Figure 55 shows the process for making free-standing dense LLZO films, used in 

symmetrical cell cycling. Powders were first milled to reduce and homogenize the particle size 

and excess Li2CO3 was added to compensate for lithium loss during the high temperature sintering 

process. The amount of excess needed is dependent upon the desired sample thickness.8,9 The 

purity of the sintered films is sensitive to temperature (Figure S1). Nearly transparent, phase-pure 

LLZO films approximately 95% dense and 25-44 µm could be fabricated successfully once the 

process was optimized. 
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Figure 55: (a) SEM image of as-received LLZO powder. (b) SEM fracture surface image of tape-
cast green tape. (c) SEM fracture surface images and optical image of LLZO films sintered in 
optimal sintering profile. (d) XRD patterns of the as-received powder and the sintered film. 

 

Figure 56 shows the electrochemical properties of Li/LLZO/Li cells and microstructural 

features. Au was sputter coated on both sides of the LLZO films to reduce the interfacial resistance. 

Li metal was melt bonded to the Au coated LLZO resulting in intimate contact (Figure 56c). The 

molten Li wets and spreads on Au as the Li-Au alloying reaction has a large negative Gibbs free 

energy release.10 

In Figure 56a, three resistive components are observed in the Nyquist plot of the 

Li/LLZO/Li cell. The high frequency semicircle corresponds to the LLZO resistance, giving a 

conductivity of 0.5 mS cm-1. The depressed semi-circle at the lower frequency range is a 

combination of Li-Au alloying and Li-Au/LLZO interfacial impedances.11 The total cell 

impedance is only 35 Ω cm2, with an interfacial impedance of 12 Ω cm2, comparable to other 

reported literature values of interface engineered LLZO.12,13 

Figure 56b shows direct current (DC) cycling of the modified LLZO membrane, stepping 

the current in increments of 20 µA cm-2 starting from 20 µA cm-2. Voltage instability is observed 
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at a critical current density of 0.2 mA cm-2. Cells could be cycled stably at current densities of 50 

and 100 µA cm-2
 (Figure 56d).  

In contrast, symmetrical cells of untreated LLZO exhibited extremely high cell impedance 

(> 50 kΩ cm2) along with instantaneous shorting upon DC cycling at 50 µA cm-2 (Figure S2). This 

is fairly typical of cells containing untreated LLZO samples unless pressure is applied (which 

could not be done here due to the fragility of the thin samples).14,15 

 

Figure 56: (a) Nyquist plot of Au interface engineered Li/LLZO/Li cell. (b) DC cycling of Au 
interface engineered Li/LLZO/Li cell with a step current of 20 µA cm-2 starting from 20 µA cm-2. 
(c) SEM fracture surface image showing superior interfacial bonding of Li and LLZO. (d) DC 
cycling of Au interface engineered Li/LLZO/Li cell at selected current densities. (e) SEM surface 
image of typical sintered LLZO thin films. 
 

Figure 57a-c shows typical fracture surface images of LLZO samples freeze-tape-cast 

using different conditions. The green tape cast from the 7.5 vol.% LLZO slurry (Figure 57a) shows 

wider spacing between LLZO columns compared to the one cast from 10 vol.% LLZO (Figures 

57b-c). The lower ceramic loading results in fewer ice nucleation sites per unit area, favoring 
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growth of the ice crystals. By adjusting the doctor blade gap, green tapes ranging in thickness from 

150-400 µm were obtained. 

 

 

Figure 57: Fracture surface SEM micrographs of green tapes freeze tape cast from slurries 
containing (a) 7.5 vol.% LLZO / 400 µm, (b) 10 vol.% LLZO / 220 µm, and (c) 10 vol.% LLZO / 
150 µm. Fracture surface micrographs of (d) sintered porous/dense (140/36 µm) bilayer, (e) 
porous/dense/porous (130/37/130 µm) trilayer, and (f) porous/dense/porous trilayer with a 14 µm 
dense layer. (g) Surface SEM micrograph of the porous layer. (h) 3D reconstruction of micro-CT 
scan of the trilayer. Inset shows an optical image of a typical trilayer.  
 

FTC and tape-cast green tapes were stacked together and sintered to form porous/dense 

bilayer and porous/dense/porous trilayer LLZO architectures (Figures 57d-h). Sintering profiles 

were optimized to achieve phase purity and high densities. Typical dense layer thicknesses were 

25-35 µm and could be reduced down to 14 µm because the thick porous LLZO layers serve as 
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mechanical supports for the otherwise fragile thin dense films. An optical image of a typical 

trilayer and a 3D reconstruction of a micro-computed tomography (CT) scan are shown in Figure 

3h and supporting video. From these, the unidirectional nature of the pores and the near absence 

of bridges or closed pores are evident. Electrode components can be readily infiltrated through the 

pore openings on the surfaces of the porous layer (Figure 57g).  

ASSBs were constructed using a porous/dense bilayer framework. A slurry containing 

processed (ball-milled and heat-treated) NMC-622, carbon black, and PVdF binder was infiltrated 

into the porous layer, followed by solvent removal (Figure 58a). Fracture surface micrographs 

show that the slurry penetrated into the porous layer (Figures 58b-c). LiTFSI(4 mol.%)/LiBOB(1 

mol.%) succinonitrile (SCN) was then melt-infiltrated into the structure. The plastic-crystal 

electrolyte solidifies on cooling to room temperature and serves as an ionically conducting bridge 

between the NMC-622 and the LLZO framework. The waxy and soft nature of the plastic-crystal 

also helps to maintain contact among the components as the cell is cycled.16,17 

The constructed devices showed total room temperature impedances of ~350 Ω cm2
 (Figure 

58d), the lowest ever reported for liquid-free ASSBs using LLZO as the electrolyte. Considering 

that the impedances of the dense LLZO layer and Li/LLZO interfaces are low (Figure 56a), the 

main contributor is the composite cathode, which is about 120-130 µm thick. The solid-state-cells 

were cycled between 2.5-4.4 V at 0.1C (1C=175 mAh g-1) rate and showed discharge capacities 

of 125-135 mAh g-1. This is comparable to what is obtained upon cycling of cells containing 

processed NMC-622 with liquid electrolyte (Figure S3). Although the structure of the bulk NMC-

622 appears unchanged after ball milling and heat-treatment, some degradation, particularly at 
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particle surfaces is known to occur, which accounts for the somewhat lower than expected 

capacity.18 

 

 

Figure 58: (a) Optical image of cathode infiltrated LLZO bilayer. Cathode infiltrated porous layer 
surface (left) and dense layer surface (right) are shown. (b) SEM fracture surface image of cathode 
infiltrated bilayer. Images were taken prior to SCN electrolyte infiltration. (c) Same cell at higher 
magnification showing cathode infiltrate. (d) Nyquist plot of the constructed ASSB. (e) Initial 
charge/discharge profiles of the ASSB. 

 

Rapid capacity fade within several cycles or much lower than expected capacities  are 

typically reported for ASSBs in which the cathode material and oxide solid electrolyte are heat-

treated to ensure intimate contact.19–22 Formation of electrochemically inactive interfaces or micro-

cracking due to volume changes during cycling are likely causes.19,21,23 Our preliminary cycling 

results are in striking contrast, in spite of the use of a thick cathode, 4-6 times thicker than common.  

To the best of our knowledge, this is the first report of successful room temperature cycling of a 

bulk type ASSB using a LLZO separator and composite electrode in a practical form factor.24 The 

superior electrochemical performance of the ASSB constructed here can be ascribed to several 

factors, including the use of a thin, dense LLZO separator layer, seamless Li/LLZO contact, and 
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intimate NMC-622/SCN/LLZO contact. In addition to the aforementioned advantages of this 

approach, the concept of combining a rigid scaffold with a soft, yet solid, conductor is quite 

general, and can be expanded to other types of solid electrolytes, including those that conduct, e.g., 

sodium. 

Our calculations (Supporting Information) show that ASSBs based on this concept can 

exceed the energy densities and specific energies of state-of-the-art LIBs by 1.8-2.6 times and 1.2-

1.8 times, respectively, if thick electrodes with high porosities are used, the dense LLZO layer is 

20 m thick, and the lithium metal excess is limited to 20%. Our future work will focus on 

optimizing components to maximize energy density and specific energy, including further tuning 

of the FTC process.  
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INTRINSIC MICROSTRUCTURAL ANISOTROPY IN TAPE CAST CERAMICS BY ICE 

TEMPLATING  

Abstract 

Ice templating concepts based on tape cast processing technology is capable of creating 

continuous columnar-graded pore structures using a wide variety of ceramic oxides with 

thicknesses from 100 microns up to 1cm for applications including fuel cells, compositional 

grading templates, filtration/separation membranes, and catalyst supports. The merging of the tape 

casting process allows for the preparation of large area flexible green tapes as well as the long-

range alignment of the acicular ice crystals transverse to the cross-section, yielding an additional 

degree of microstructure control beyond traditional freeze cast processing. Moreover, optimization 

of the freeze tape casting processing parameters has proven effective in tailoring porosity in 

aqueous cast ceramics. Magnetic resonance microscopy (MRM) combined with scanning electron 

microscopy (SEM) has revealed inherent micro-structural anisotropy in the morphology of pores 

related to the direction of the cast tape. Due to the ability of MRM to image non-invasively with 

volume averaging over a range of slice thicknesses, the MRM images provide complementary 

information to the higher resolution single plane SEM images. Morphological variance as observed 

at different orientations through the cross-sections of cast yttria stabilized zirconia is reported.       
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Introduction 

 Ice templating of ceramic materials for the preparation of porous microstructures without 

the addition of thermal fugitive pore formers has seen a substantial development in recent years 

for potential application in catalyst supports, filtration/transport media, composite fabrication, and 

bio-materials1-5. Using water, tertiary butyl alcohol, and camphene, the generation of aligned pore 

channels can be controlled through solids loading and freezing rate control with a variety of 

ceramic and metal powders1,6. In this manner solidification based processing of ceramics is 

becoming an important developing technology for creating unique pore morphologies and ordering 

not achievable through traditional processing routes. The complimentary use of tape casting during 

the ice templating process is a relatively new development in freeze casting methods that combines 

the scale-up potential for large area substrates and thin cross sections for which porous ceramics 

are often sought7-14.   

Studies in ice templating methods have well established general methods of pore size and 

morphology control15, it is generally represented that casting at specific freezing rates and solids 

loading will yield a common pore structure that is independent of specimen orientation with regard 

to the solidification front, aside from the convergence of pore columns during the solidification 

process. However, it has been established in aqueous systems that the ice crystals grow into non-

uniform acicular morphologies when observed parallel to the direction of growth1,7. Using 

traditional methods of solidifying slurries in molds and dies, solidification can occur randomly 

across the surface of the slurry in contact with the freezing platen/die. This behavior gives rise to 

freeze cast domains that are synonymous with grain boundaries at a larger scale and while top to 

bottom pore grading is prominent, the cross-sectional variations in pore morphology is muted by 
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the random formation of these domains. In this manner axial flow behavior of fluids may be 

unaffected; however, transverse flow and structural ordering of ceramic columns may differ 

substantially for a single freeze cast domain and is therefore critical in many applications. Attempts 

to facilitate anisotropy in the solidification behavior of freeze casting and eliminate domain 

randomization include: the use of sucrose additives to grow lamellar dendrites16, bidirectional 

thermal gradients via graded material substrates17,18, slurry freezing under flow to align 

asymmetric platelet particles within a green body19, and the use of electric, magnetic, and acoustic 

fields to align particles with ice crystal growth during solidification20.  

The work presented in this study establishes the variables in processing required to cast 

thin ceramic tapes with cross sections that yield a common pore orientation through the entire 

freeze cast specimen. The relationship between sample cross section as a function of casting 

direction and microstructural anisotropy of aqueous freeze cast yttria stabilized zirconia (YSZ) 

was investigated by scanning electron microscopy and non-destructive magnetic resonance 

microscopy to establish the microstructural anisotropy present in aqueous based systems.   

Experimental Methods 

 Yttria stabilized zirconia (TZ-8YS, Tosoh Corporation, Japan) was used to create water-

based ceramic slurries as received and the solids loadings were 20, 30, and 40 vol%. An 

ammonium polymethacrylate dispersing agent (Darvan C, R.T. Vanderbilt Company, Inc., 

Norwalk, CT) was used at 1 wt% to facilitate particle dispersion and stabilization of the slurry. 

The slurries were ball-milled for 24 hours to achieve homogeneity using 0.5 cm zirconia milling 

media. Upon dispersion the milling media was removed from the slurry and the acrylic latex binder 

(Duramax 1001, Rohm&Haas, Phil., PA) was added at 15 wt% to impart sufficient strength for 
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handling and cutting after solvent sublimation. The emulsion binder system was selected given 

that the binder is non-water soluble, yielding minimal effect on the solidification process which 

has been observed with water soluble polymers21,22. Given the relatively low solids loading of the 

freeze cast tapes, an organic xanthan gum thickener (Vanzan, R.T. Vanderbilt Company, Inc., 

Norwalk, CT) was used at 0.5 wt% to increase the viscosity to achieve the desired viscosity and 

shear thinning characteristics. The binders and thickener were mixed slowly for 1-5 hours to 

achieve proper homogenization prior to casting and the slurries were de-aired under vacuum for 3 

minutes to eliminate trapped air.           

 The slurries were cast onto a silicone coated Mylar carrier that was pulled across the 

freezing bed at a speed of less than 1 mms-1. Samples were solidified with a freezing plate 

temperature ranging from -20 to -40C as measured at the solidification boundary with a 

thermocouple imbedded in the aluminum casting bed. For the first series of experiments the freeze 

bed was set to -30 oC. The freeze tape casting apparatus is described elsewhere7, but a schematic 

of the casting process is shown in Figure 59. After the slurries had completely frozen they were 

placed in a freeze drier under a vacuum for 24 hours for water sublimation. Using visual 

examination of the green tape surface to ensure no extraneous freeze cast domains were present, 

samples were cut out of the dried tapes using a sharp steel punch and sintered at 1450C for two 

hours in ambient air to achieve full densification of the ceramic struts. 

Freeze cast YSZ was cut into 0.6 mm diameter discs for MRM analysis. YSZ proved 

effective for the MRM studies and displayed no paramagnetic properties that would destroy the 

signal. Four circular discs were cut out of the tape with care taken to preserve the orientation of 

the tape with respect to the casting direction. The discs were stacked in the preserved orientation 
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and soaked in water doped with Magnevist. The Magnevist doped water allowed for repetition 

times of 50 ms to obtain the highest image contrast for a given experiment time. The MRM images 

give positive (white) signal for the water, and the solid ceramic structure is observed by an absence 

of signal (grey and black).     

 Sintered freeze cast specimens were also mounted in a quick set low viscosity epoxy. Prior 

to curing of the epoxy, the specimens were placed in a vacuum to pull the air out of the pores and 

infiltrate the samples with the resin to retain the ceramic structure during grinding/polishing. The 

specimens were polished with silicon carbide sanding papers and finished with one micron 

aluminum oxide abrasive powder on a felt polishing wheel. The pore morphologies were then 

examined by scanning electron microscopy.   

Results and Discussion 

Optimized Processing and Microstructure Control 

 The tape casting carrier speed for the freeze casting process was initially fixed at 

approximately 5 mm/s for initial freeze cast processing. Upon visual observation of the tape 

surface after solvent sublimation it was observed that some discrete regions of the tape were 

subject to local ice nucleation as represented in Figure 59 (top).  
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Figure 59: Schematic representation of optimized casting speed for achieving linear solidification 
front. Top: 5mm/s @ -30 oC for 30 vol%. Bottom: ~0.5 mm/s pull velocity of mylar @ -30 oC for 
30 vol%. 
 

 

Figure 60: SEM micrograph of tape cross section with excessive carrier speed (A) and optimized 
carrier speed (B) (bar = 200 µm) 30 oC. 
 
 
 



198 
 

 
 

This process leads to the formation of oriented pore regions and disordered interfaces of 

regions within the tape which bear some similarity to the concept of grains and grain boundaries 

in polycrystalline materials as shown in Figure 60A and 60B. The convergence of pores in these 

regions yielded substantial disorder ultimately resulting in cracking and warping of the substrate 

in these regions upon sintering. While this process yields some long-range regions of uniform ice 

crystal/pore orientation, the goal of this study was to obtain singular homogenous orientation of 

pores throughout the tape for the purposes of evaluating microstructure anisotropy from a single 

reference direction. By observation of the solidification process at casting bed temperatures of -

30C, it was observed that the solidification rate of the tape proceeded at approximately 1 mm/sec, 

which for the given study represents the highest casting bed temperature and slowest solidification 

rate.     

The significance of the solidification rate needing to match the pull rate is to facilitate the 

lateral ice growth along a horizontal freezing front. Freeze tape casting is in effect a kinematic bi-

directional freezing process; only instead of the temperature gradient being formed along a 

substrate material cooling differential18, the two temperature gradients are the warm air above the 

tape and the line where the warm granite block meets the cooled aluminum freeze bed, shown in 

Figure 61. Therefore, if the slurry at the horizontal solidification front is not pulled at precisely the 

same velocity as the ice crystal growth, the ice crystals will propagate with differing orientations 

since the gradient would become vertically unidirectional directly over the cold or warm bed. 

Similar behavior has been modeled as to how randomly oriented sea ice crystals accumulate and 

grow under a surface layer of ice as a function of heat loss to the upper atmosphere and continuous 
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mass transfer from the ocean, the only major difference being the mass transfer approaching from 

the z direction rather than exclusively the x,y plane23.   

To ensure that solidification proceeded as a linear front, the casting carrier speed was set 

at a rate below that of the observed solidification, approx. 0.1 to 0.5 mm/sec, shown in Figure 59 

(bottom). Figure 60A and B demonstrate the optimized tape speed’s effect on the microstructure, 

where the solidification front is kept in line with the horizontal temperature gradient. As such, all 

subsequent figures show samples cast at this same carrier speed for good pore alignment. Given 

the tape thickness of ~1mm and pore (dendrite size) of 100 µm, this would put the freeze front 

interface velocity to 1mm-5mm/s, which is consistent with the metastable freezing dynamics 

observed in other freeze interfacial velocity studies24. The freezing dynamics of the freeze tape 

cast system can also be verified as metastable and kinetically limited rather than a steady state 

freezing process at the solidification boundary. Any easy theoretical check to demonstrate the 

system is not in steady state while freezing is to evaluate the critical velocity for particle 

entrapment (when particles cannot freeze cast due to the ice crystal growth occurring so quickly it 

traps the particles directly inside rather than excluding them) would be modeled by equation 16,  

𝑣 = [ − 𝑔𝑑𝛿 𝜌 − 𝜌 ]     (1) 

A critical velocity value calculated to be smaller than our given freeze interface velocity of 1mm/s 

would indicate that this model cannot be applied to our system. Interface velocities for particles of 

d 390nm (Tosoh, TZ-8YS secondary particle size) would yield 10-8-0.3x10-6
 m/s for a stable 

interface, yet the actual freeze front velocity is much higher. Furthermore, utilizing a calculated 

Hamaker25 constant for 8YSZ based on ice and water dielectric and refractive index constants26,27, 

A=-3.59x10-21J, the actual solidification front velocity, density of 8YSZ, η viscosity of water, ρl,s,p 
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densities of the liquid, solid, particles, the δ0 minimal distance between the particle and the freeze 

interface comes out to ~0.1 nm, which is in contradiction to what should be no smaller than 1nm28, 

thus demonstrating the steady state model to be unfit for describing the freeze tape cast system. 

The simplest explanation for this discrepancy would be the dispersant and thickening agent solutes 

accumulating at the interface of the slurry and ice crystals, stabilizing the front29, along with the 

particles bunching up the tips of ice crystals altering the local interfacial distance between 

particles30.  

 

 

Figure 61:  Schematic of the kinematic bidirectional gradient effect of freeze tape casting. To 
maintain consistent freeze domain alignment the freeze front velocity must match the cast speed 
within the area of the temperature gradient (purple). 
 

 The linear solidification front yielded a tape devoid of local nucleation regions and thus 

generated a common pore orientation throughout the entire tape (30cm wide by 90cm long) when 
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observed from the surface as shown in Figure 60C and 60D. Using sintered substrates prepared 

from the optimized casting process, tapes were cast at solids loading from 20 to 40 vol% at -30C 

freezing bed temperature to ascertain the effects of slurry particle concentration on the 

microstructure and the vertical ceramic struts of these ordered structures shown in Figure 62. The 

thickness of the pore walls is defined in equations 2-3,  

 

Thw = 2(1-Vp)/ Pb      (2) 

Dp = 2Vp/ Pb       (3) 

 

where Thw and Vp, correspond to pore wall thickness, pore volume fraction, and of pore wall 

boundaries respectively. Further, Pb and Dp correspond to the number of pore boundary intercepts 

per unit length and average distance between pores. Note the pore wall thickness is not consistent 

through the length of its height. This provides direct evidence that the lateral growth velocity of 

the ice crystals is independent of its distance to the tip of crystal during solidification, and so the 

dendrites manifest as triangular shaped pores in the structure. The observed bridging effects of the 

individual pore walls are likely a by-product of constitutional supercooling at the freeze front 

allowing for the formation of secondary dendrites.  

Magnetic Resonance Imaging 

Magnetic Resonance Microscopy (MRM) methods were utilized to analyze morphological 

variations in the porosity of bulk samples non-destructively. This allowed long range pore ordering 

to be identified beneath the sample surface and in any cross-sectional direction. All MRM images 

used a simple spin-warp imaging sequence31. Field of views were either 0.47 x 0.67 mm2 or 0.67 
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x 0.67 mm2 which in combination with 256 voxels in each direction gave voxel dimensions of 18-

26 m in the read and phase directions and a third dimension equal to the slice thickness which 

ranged from 0.2 – 3.5 mm. Figure 63 is a reference image used to demonstrate the relative 

orientations and dimensions of the images shown in Figures 64 and 65. Due to the pore orientation, 

it is clear in Figure 63 that the -45o angle is along the direction of the casting bed motion. Figure 

64 shows images taken with a 0.5 mm slice necessarily volume averaged over the slice dimension 

due to the nature of the MRM technique.  The alignment of the pores is clearly visible at -45o, and 

almost no alignment is visible at the perpendicular orientation of 45o. Figure 65 shows images that 

are unique to the MRM technique. Four different slice thicknesses are excited and the images 

capture a volume average over this increasing spatial dimension. Notably, the pore alignment is 

still clear even when averaged over 3.5 mm in the slice direction, indicative of the long-range 

alignment in the cross-section that is observed from the surface from the naked eye. The slice 

thicknesses relative to the ceramic disc are demonstrated with the gray boxes on the image in 

Figure 63; not shown (0.2 mm), dotted (0.5 mm), dashed (2 mm) and solid (3.5mm). Figure 8 

shows quantitative profiles through each of the images in Figure 65. Figure 67 presents images at 

varying depths within one ceramic disc. Each image in Figure 66 is volume averaged over a 0.2 

mm slice.  These images clearly capture the graded nature of the pores and the homogeneity over 

a large macroscopic scale. It is reiterated that these images are all completely non-invasive and do 

not require any cutting or result in any degradation of the ceramic discs. 

 



203 
 

 
 

 

Figure 62:  Effect of solids loading on the columnar strut thickness at constant freezing temperature 
of -30C. 
 

Pore Structure Anisotropy 

 Using the MRM imaging data to identify the major orientations of pore anisotropy, SEM 

analysis was utilized to identify the pore morphologies at higher resolution. To characterize the 

variance in pore morphology as a function of casting orientation a single freezing rate of -30C 

was used. Upon casting and subsequent freeze drying of the tape based on the newly modified 

processing parameters described above, four circular discs were cut out of the tape with care taken 

to preserve the orientation of the tape with respect to the casting direction. After sintering, the 

specimens were mounted in epoxy and polished to observe the cross-sectional microstructure of 
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0, 45, 90, and 135 orientations with 0 representing the direction of the moving Mylar carrier. 

The microstructures of the SEM study are shown in Figure 67.  It is readily evident that a strong 

microstructural anisotropy exists as a result of the aqueous freeze cast processing, yielding a 

substantial deviation in both ice crystal/pore direction and morphology. These data indicate that 

pore tilting is influenced by orientation of the observer relative to the growth, not through the 

thickness, but through the plane of the bulk specimen. This morphological anisotropy is 

emphasized by the long-range order generated by the freeze tape casting process; however, 

traditional freeze cast specimens using refrigerated dies indicate the influence of random 

nucleation at the bottom of the slurry. Examining the 90 microstructure orientation reveals the 

most dramatic change in morphology in which the ice crystals appear to grow into the temperature 

gradient. Furthermore, the aligned pore channel morphology fades, in favor of a more traditional 

graded pore structure. Figure 68 illustrates that pore tilting at 90 is clearly influenced by freezing 

rate with a clear trend towards horizontal pores as the temperature of the casting bed is decreased. 

It should be noted that no significant changes in pore tilting were observed at 45 and 135 as a 

function of freezing rate.       
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Figure 63:  MRM image through one ceramic disc to allow demonstration of the angle, extent and 
orientation of the MRM images shown in figure 64 and 65.  The gray boxes indicate the extent of 
the slices shown in figure 6: not shown (0.2 mm), dotted (0.5 mm), dashed (2 mm) and solid 
(3.5mm).  The dotted white lines indicate the angles for the images shown in figure 5.  This image 
has a field of view of 6.7 X 6.7 mm2 and a slice thickness of 0.2 mm.  256 voxels in each direction 
give a resolution of 26 m. 
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Figure 64:  MRM images taken at various angles as indicated by the white dotted lines in figure  
63.  The alignment of the pores is along the -45 aspect and the pores are most distinct for this 
image.  Positive signal is obtained for the water surrounding the porous structure and the curvature 
at the top of the images indicates the water meniscus. These images have a field of view of 4.7 X 
6.7 mm2 and a slice thickness of 0.5 mm.  256 voxels in each direction give a resolution of 18 X 
26 m. 
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Figure 65: The -45 aspect image from figure 63 was repeated for various slice thicknesses.  The 
MRM signal is necessarily volume averaged in the slice direction.  The long range alignment of 
the pores is evident as contrast is still visible even with a 3.5 mm slice thickness.  These images 
have a field of view of 4.7 X 6.7 mm2 and slice thicknesses as indicated.  256 voxels in each 
direction give a resolution of 18 X 26 m. 
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Figure 66: Quantitative profiles through each of the images in figure 65  One line of data through 
each image in figure 68 is shown. 
 

Given the trend in pore tilting as a function of freezing rate, the SEM micrographs suggest 

that exceedingly high freezing rates could drive the 90 microstructure close to perpendicular. The 

temperature limitations of the recirculating chiller used in this study limits the freezing bed 

temperature to -45C; however, the Mylar carrier also represents a limitation to heat transfer from 

the tape to the aluminum freezing bed. To maximize the freezing rate the Mylar carrier was 

replaced with aluminum foil coated with an aerosol-based silicone mold release. Using identical 

methods with the aluminum carrier foil a YSZ tape was cast at -30C. The 90 microstructure of 
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the sintered ceramic disk on aluminum foil is shown in Figure 69. The microstructure not only 

represents a full 90 tilt from vertical, but pores are elongated from the extreme freezing rate 

yielding aligned pore channels perpendicular to the cross section. The ability to tailor the pore 

morphology yields a unique opportunity to not only optimize axial transport through the ceramic, 

but also to selectively engineer transverse transport through the membrane.   

 

 

Figure 67: Microstructural variation in 30 vol% YSZ freeze cast at -30C as a function of 
orientation with respect to the tape casting direction. 
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Figure 68:  Pore tilting of 30 vol% YSZ freeze cast at -40C with 61 pore tilting from vertical 
(left), and -20C with 46 of pore tilting from vertical (right) viewed from 90o of cast orientation. 
 

 

Figure 69:  Perpendicular pore tilting of 30 vol% YSZ freeze cast at -30C on aluminum foil.  
(bar = 30 µm). 

 

Similar microstructure variance has also been observed in tertiary butyl alcohol-based 

freeze casting and will be reported in future studies. Further, given the observed variations in 
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microstructure it is still unclear how these orientations integrate into a 3-D pore network for fluid 

transport and define the tortuosity of the pore network in varying directions. Previous studies have 

provided insight into the nature of fluid transport in these graded ceramics32 and future studies will 

aim to further elucidate the connectivity of these 3D networks and the impact for transport in these 

materials.  

Conclusions 

 YSZ based aqueous tapes were cast using ice templating methods to examine the 

anisotropic pore morphologies that can form from this process thus allowing additional degrees of 

freedom in engineering pore structures. Long range pore ordering was achieved by matching the 

solidification rate of the ice with the casting speed of the Mylar/Aluminum carrier foil. MRM is 

demonstrated as a complementary technique for determining the nature of complex 3D pore 

networks as seen in these graded ceramics. Specifically, the sensitivity of MRM to the liquid within 

the pores, allows a sensitivity to only those pores that are connected to the network due to the need 

for the water to gain access to the pores to illuminate them thus allowing study of long-range 

anisotropy and fluid flow behavior. Strong anisotropy is noted in all specimens from -20 to -40C 

for which columnar ceramic struts, perpendicular to the casting bed, as depicted with virtually all 

freeze casting or ice templating literature is only evident at 0/180, or the direction of the cast 

tape. While moderate strut or pore tilting is noted when deviating from 0, a completely unique 

pore morphology is observed at 90, which has strong implications on both transverse and axial 

fluid transport through these membranes.  
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CHAPTER EIGHT 
 

CONCLUSIONS 

Summary of Work 

 In this work, a deliberate exploration of the phase formation mechanisms associated with 

the synthesis of two relevant solid state electrochemistry powders, their sintering behavior, and 

optimal pathways towards generating dense or porous membranes took place. Whether it was the 

underlying phase sensitivity of cubic LLZO garnet towards lithium volatility, or the propensity 

towards very low bulk diffusion of the SVMO perovskite, a nuanced understanding of how each 

respond to changes to processing environment was critical towards bulk production of 

electrochemically active membranes.  

 In Chapter 2, a guiding hypothesis utilized from the beginning was very simple: obtain a 

phase pure, nanocrystalline product that could ease sintering and lend itself towards dense 

microstructures to elucidate the true bulk properties of SVMO. It was discovered  that methods for 

producing 100-500 nm particles true to the double perovskite structure were not as straightforward 

relative to other similar materials. The annealing of said powders to achieve the perovskite 

structure did not necessarily have optimal diffusion between particles. The first major discovery 

of that study was the intrinsic propensity for V5+ and Mo6+ to be insoluble as a solid solution under 

oxidizing conditions. That limited solubility demanded particulate capable of minimizing diffusion 

length and maximizing free surface energy when reduced to V4+,3+,2+ and Mo5+,4+ .  

 Future improvements were halted by a lack of powder densification until the discovery that 

inert atmosphere environments significantly improve the net diffusion rate of particulate over 
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conventionally utilized reducing atmospheres for SVMO. The realization that even 1500 oC could 

not densify the material intrinsically in either atmosphere helped foster the theory that SVMO was 

in fact an extraordinarily high melting temperature material relative to other double perovskites. 

To truly optimize powder sintering, a broad net was cast on powder synthesis and processing 

parameters utilizing a high throughput microwave assisted Pechini gel synthesis design. The intent 

was that just the right balance between citric acid to ethylene glycol ratio to chelate precursor ions 

and selection of reduction temperature could phase form SVMO but not coarsen particles to lose 

the advantage of high free surface energy of nanoparticles. Relative densities of 80-85% at only 

1300 oC with inert atmosphere were achieved via this optimization. By examining the data, it 

became clear most of the diffusion occurs in the first few hours before reaching a threshold where 

bulk diffusion becomes insignificant.  

 The experiment demonstrated the efficacy of utilizing a microwave assisted sol-gel process 

towards synthesizing powders of ceramics that are otherwise very difficult to consolidate. A 

strange effect manifested in the data for the less well sintered samples: they not only trended 

towards the creation of open porosity, but also the eventual formation of double perovskite phase 

purity. A new hypothesis could be formed: a distribution of nanoparticulate SVMO and SrMoO3 

observed via XRD pattern peak shifts of Pm-3m lattice parameters, consolidates anisotropically 

relative to a more purified nanoparticulate. Given the propensity of solid solution formation 

relative to double perovskite bulk diffusion, an isotropic nanoparticulate mixture of SrVO3 and 

SrMoO3 could be capable of isotropic diffusion and therefore facilitate rapid consolidation of a 

bulk microstructure. Despite this, an experiment that deliberately tested a solid-state mixture of 
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perovskites showed that even in the early onset of thermal diffusion the SVO-SMO particles open 

up the same porosity while also forming double perovskite.  

 In Chapter 3, the lessons learned from the first SVMO study were used to help uncover  

what physical properties may be driving the abnormal sintering behaviors relative to other 

perovskite oxide materials. Higher temperature two stage sintering was used to achieve greater 

than 90% density, but only after it was verified that the presence of oxidized phases become highly 

volatile and generate porosity under inert conditions if the ball milled SVMO powder was not first 

reduced to remove said phases.  

 More importantly, the point of the study was not to simply achieve higher density powders. 

The physical essence driving both the anisotropic diffusion and the curious case of inhibition of 

diffusion to reducing atmosphere may also affect the electrical properties and beyond. The next 

study focused on verifying there is no change in the space group of the double perovskite in 

response to shifts in atmosphere and sintering temperature. The structural information would aid 

interpretation of the X-ray photoelectron binding energy characteristics and how the VxMoy 

spectrum responds to sintering.  

 In case of the latter, it was not only verified that the extent of diffusion favors SVO rich 

phases such that SVMO<<<SMO<SVO, but that in fact the trend towards densification was by no 

means a linear relationship when evaluating both the relative density and microstructural grain 

distribution. All stoichiometries trended towards the same sensitivity to the reducing environment 

albeit less so at the near stoichiometric single perovskites. The nature of the anisotropy of dual 

phase single perovskite mixtures diffusing towards double perovskite single phase began to make 

more sense. Simply put: if each stoichiometry has a different extent of densification for its nearest 
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neighbor, then every time the particulate consolidates it has some probability of absorbing the next 

nearest neighbors easier by diffusing relative to those stoichiometries whose diffusion coefficients 

are lower.  

 The verification via elemental mapped microscopy explored how under reducing 

conditions the bottle neck of dual phase particles always ends up being the SVMO phase. I.e., it 

became clear from evaluating the XRD and various mixtures of particulate that the V – O – Mo 

relative to V – O – V or Mo – O – Mo systems that were restricting diffusion. Surface phase layer 

formation that intrinsically blocked diffusion was ruled out, by pre-necking particulate to an 

intermediate densification stage then attempting to sinter under reducing conditions. In a sense, 

the SVMO system is the opposite of an aluminum metal-surface oxide system: it is not more 

difficult to sinter because the diffusion is restricted at the surface, rather the SVMO bulk itself is 

restricting the diffusion. 

 X-ray diffraction of sintered powders showed almost no change in the space group, only a 

subtle shift in lattice parameter of the reduced samples that would be expected thanks to the 

chemical expansion from vanadium and molybdenum’s formation of lower oxidation states. To 

verify that shift, X-ray photoelectron spectroscopy probed the interior bulk by sputtering off single 

perovskites and double perovskite surfaces to analyze the binding energies of respective atoms. 

The notable result of the XPS was just how severely the binding energy shifts for samples that 

were reduced. The single perovskites actually matching literature data despite sputtering, but the 

double perovskites responded differently depending on the atmosphere used, with of course the 

reducing gas sample showing more appreciable reduction of the oxidation states. The ambiguity 

of the molybdenum peak positions relative to the strontium and vanadium was surprising, given 
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that temperature was the only major difference relative to prior literature. The Sr 3d peak that was 

the most unexpected, both broadening and shifting to lower energies for reduced samples relative 

to argon sintered samples. The presence of SVMO bonding character shift towards being 

potentially more covalent than ionic, and the known inhibition of diffusion prompted the 

investigation of the material’s elastic modulus for further clues about the bond stiffness character.  

 The lack of diffusion in the bulk of SVMO hinted at the formation of steeper interatomic 

potentials relative to other perovskites. A strategy that could probe that bond stiffness behavior 

independently of any variation in porosity or even grain size became pertinent. The use of 

nanoindentation on both reducing sintered and inert sintered samples revealed that not only do the 

modulus statistics shift from reduction, but that SVMO’s indentation modulus is abnormally higher 

than all other perovskite oxides. Typically, perovskite oxides fall on the spectrum of 150 GPa to 

200 GPa modulus, even LaCrO3 with a sintering temperature that often requires >1700 oC has a 

nano indentation modulus closer to 220 GPa. SVMO on average falls closer to 280 GPa, relative 

to its single perovskite phases 180-220 GPa. Only SVMO that was less complete in its 

interdiffusion of V/Mo in the structure were closer to 150-220 GPa indentation modulus readings.  

 A conclusion was drawn regarding the structural, electronic, and thermal diffusion 

behavior of SVMO. A specific synergy of the V – O – Mo octahedra bonding network with Sr – 

O bonding is driving an abnormally high bonding strength in SVMO, and oxygen partial pressure 

and stoichiometry variations may have drastic impacts on any measured properties, including 

electronic density, even with a densified structure. These discoveries have made the apparent 

discrepancies between the literature studies of SVMO easier to interpret and may guide future 

discoveries for this material via an improved processing properties relationship. The fact that the 
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crystal structure can remain constant while chemical bonding is manipulated in a high electrical 

conductivity, thermal coarsening resistant material opens new approaches for electrochemical 

applications and beyond.  

 For Chapter 4, Al doped LLZO was evaluated under a similar philosophy: to understand 

how synthesis parameters and sintering conditions ultimately affect the phase formation and 

thermal stability of the material. LLZO was the exact opposite type of material to work with 

compared to SVMO: it is fairly easy to densify between 1000 -1100 oC, its mechanical properties 

such as modulus are comparatively low, its crystal garnet structure has far less internal symmetry 

and therefore more complex diffraction patterns to interpret. Lithium oxide volatility makes 

sustaining stoichiometry and cubic phase stability difficult but necessary, as its Li+ ion 

conductivity is sensitive to those changes in stoichiometry by many orders of magnitude.  

The LLZO system becomes a complex balance of both intermixing Li – Zr – La cations, 

while preserving Li+ content, but also intermixing another dopant Al3+ to stabilize the cubic phase 

at room temperature. Any mismatch in stoichiometry led to the formation of lithium zirconates 

and lanthanum zirconates, as it does not have the same tolerance factor as the perovskite structure 

for remaining stable. For all its complications, at least SVMO will make a solid solution of cubic 

perovskite above 1300 oC. Too high of temperature for too long in LLZO powder processing 

simply causes more secondary phases to form that are not conducive to Li+ conduction. To combat 

those issues, our study focused solely on figuring out how to optimize precursor selection and 

excess lithium content to lessen the effects of sequential thermal treatments for any given LLZO 

powder. The goal would be to move LLZO powder processing breakthroughs towards final 

incorporation in a ceramic manufacturing friendly solid state battery.  



221 
 

 
 

The discoveries made by this study showed the choice of precursor for lithium carbonate 

is highly optimal due to the thermal profile of its volatilization. The problem with others such as 

LiNO3 and LiOH was that they lost mass too rapidly during early synthesis. The best scenario is 

for as much of the lithium to be incorporated in the LLZO lattice during early phase formation at 

as low a calcination temperature as possible. A result that is consistent with prior literature, but it 

was demonstrated that commercially available powders that add excess lithium topically to be 

considerably less effective at preserving the cubic structure for extended times of sintering. The 

proper level of doping and preservation of consistent surface area during phase formation of 

powders is what drives the consistent stability of the LLZO cubic phase. 

 In Chapter 5 the incorporation of LLZO into bulk solid-state battery designs was explored 

via freeze-tape-casting. The intrinsic low tortuosity open pores of FTCs were utilized to minimize 

overall impedance thanks to the minimized mean free path available to Li+ ions traveling from 

electrode to electrode. Far more illuminating was the behavior of LLZO FTC slurries to destabilize 

above a certain solid loading owing to the propensity of surface lithium oxides, hydroxides, and 

carbonates to act as base in aqueous environments. Even at lower solids loading generated a 

deviation from conventional FTC ceramic membrane pore evolution behavior. The level of 

difficulty for freeze casting LLZO was found to be elevated intrinsically by the lithium chemistry, 

relative to ordinary tape casting of LLZO. The benefits of the FTC structure for LLZO were 

demonstrated by the overall impedance of the sintered composite microstructure lowering relative 

to a simple powder-polymer electrolyte mixture composite or standalone polymer. Chapter 6 

evaluated the freeze tape cast sintered LLZO membranes in an all solid state battery design. 

Though the results did show the form factor decreased impedance relative to other solid state 
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designs, the future hurdles will be in completing the infiltration of cathode material such that the 

entirety the structure is utilized for energy capacity.  

 Chapter 7 evaluated the link of freeze tape casting to its pore formation anisotropy. The 

growth of dendrites along the thermal gradient imposed via the contact of mylar to the cold bed 

generates a pore alignment that is difficult to replicate in other porous ceramic membrane 

applications. The process has implications for the scalability of these aligned pores for fuel cell 

applications and other flow through catalyst based designs where percolation of the fluid flow is 

critical to achieve a high reaction rate and prevent unnecessary pressure build up and polarization.  

Final Remarks  

 The steps associated with the bulk production of a desired ceramic material are neither 

trivial nor appropriate to oversimplify. One does not simply, densify a powder of a metallic like 

mixed conductor, nor is the production of a freeze tape cast as trite as mixing powder with binder 

and water and freezing it. Each material has its own character, and while it is correct to say that it 

is possible to form a given material with almost any given technique, the end user must be 

incredibly diligent and mindful of how each manipulation generates a specific material response.  

 Understanding the specifics of how solid state chemistry, and physical properties of a 

prospective material can be tailored must start with a foundation in what techniques are actually 

required to affect both bulk and surface changes. Processing properties variability was observed 

with every new experiment for both SVMO and LLZO. Evaluation of a trend becomes impossible 

to make sense of unless all the other independent variables at play have been well studied too. To 

make a more concise point, many of the established theories surrounding material behaviors are 

derived from evaluating a system where certain values are assumed to be constant. For a material 
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with novel physical properties and behaviors, many conventional properties (such as bulk diffusion 

response to atmosphere) can no longer assumed to be constant or a non-factor in processing. 

 Overall, there are very exciting directions to go from here with mixed ionic electronic 

conductors. Optimism is well deserved for SVMO’s lattice to be tuned for applications extending 

to co-electrolysis systems, thermoelectrics, solid oxide fuel cells, metal-air battery cathodes, and 

applications where both high stiffness, electrical and ionic conduction are demanded.  
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